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ABSTRACT
ELUCIDATING THE MECHANICAL RESPONSE OF METALLIC GLASSES
PREPARED IN DIFFERENT STRUCTURAL STATES AT SUB-MICRON
LENGTH SCALES
Daniel J. Magagnosc
Daniel S. Gianola
Robert W. Carpick
Metallic glasses (MGs) exhibit both high yield stresses and elastic strain limits owing
to their metallic bonding character and lack of long-range order. Yet the structural
state (i.e. local atomic packing), and the corresponding elastic and plastic mechanical
response, of MGs is nuanced and dependent on processing history. Moreover, the
interplay between small length scales and glass processing routes have produced
seemingly conflicting results. Here, the influence of processing on MG mechanical
behavior at sub-micron length scales is explored, revealing extreme sensitivity to ion
irradiation, enhanced control over the mechanical response, and an underpinning of
yield strength in thermodynamic properties.
Using in situ testing methods, the deformation response of individual thermo-
plastically molded MG nanowires is studied. In contrast with previous literature
reports the nanowire behavior is observed to be consistent with bulk deformation,
exhibiting brittle fracture and shear banding at room temperature. To determine
the role of processing at the nanoscale, ion irradiation is used to systematically alter
the glassy structure of molded nanowires, leading to enhanced tensile ductility and
reduced strength. A model for MG strength and ductility rationalizes the observations
v
based on the glass transition temperature and a structure-dependent excess energy
term. In addition, studying deformation at elevated temperature provides insight into
the role of size and processing history on the mechanical properties in MGs. The
Newtonian to non-Newtonian flow transition occurs at higher strain rates in nanoscale
specimens. This suggests a more relaxed nanowire structural state, potentially owing
to thermal processing, and a wider range of thermally accessible structures at the
nanoscale. Finally, the range of structural states in MG thin films is explored by sput-
ter deposition at different substrate temperatures. The maximum hardness increases
more than 30% with deposition temperature, revealing a wide range of achievable
glass structures. Together, the nanowire and thin film results emphasize the need to
quantify glass structural state and suggest a potential processing – structural state –
property relationship in MGs, correlating mechanical properties with thermodynamic
quantities.
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Chapter 1
Introduction
Metallic glasses (MGs) are a unique class of materials with a suite of advantageous
properties. In contrast with conventional engineering metals, MGs lack the long range
order and well-defined defect structures intrinsic to crystalline solids. However, it
is this amorphous structure in conjunction with a predominantly metallic bonding
character that gives rise to the unique properties of MGs. For instance, some iron-based
MGs exhibit excellent soft magnetic properties such as high saturation induction, low
magnetic permeability, and low loss1–3. As a result, magnetic MG allows have been
widely employed in electrical power transformers cores, under the trade name Metglas,
as well as current inductors and radio-frequency antennas, under the names Liqualloy
and SENNTIX4–6. Regardless of the application, iron-based MGs have resulted in
significant electrical power savings, as high as 60%3, 4.
While MGs were first developed in ribbon form in 1960, broad application beyond
the initial magnetic applications was limited by the small acheivable specimen sizes
achievable7. Recently, with the advent of bulk glass formers8, 9, interest in MGs
has renewed and primarily centered on their excellent mechanical properties10–12.
Typically, MGs exhibit large elastic strain limits11, 13, high strength14, 15, low internal
friction16, 17, and potentially good fracture- and wear-resistance18–20. Compared to
crystalline metals, with low elastic limits and strengths, MGs are exceptional. MGs
1
yield at an apparently universal 2% strain13 and gigapascal strengths14, 15 compared
to the less than 0.2% yield strains and 100’s of MPa strengths typical of crystalline
metals11. In fact record yield strengths in MGs reach 6 GPa in a Co-based bulk
system21.
The exceptional mechanical properties coupled with facile processing through
thermoplastic molding make MGs attractive in many structural applications. A broad
range of potential applications have been demonstrated including springs, gears, cutting
blades, and sports equipment8, 9, 11, 22, 23. Additionally, MGs are particularly well-
suited for use in microelectromechanical systems (MEMS) devices such as actuators or
resonators24, 25 which take advantage large elastic strain limits, low internal friction,
and the lack of an internal length scale, which results in isotropic properties and lifts
restriction imposed by grain size26, 27. Finally, MGs have been explored for use in
biomedical implants28–31 and tribological applications32–34. Yet widespread adoption
of MGs in structural roles has faltered in large part due to the propensity to form
shear bands leading to catastrophic failure via brittle fracture35.
As a result, successful application of MGs requires an understanding of the unique
processing sensitivity that emerges from the glass forming process. For instance, the
outstanding performance of MGs in soft magnetic applications hinged on a detailed
understanding of how thermal treatments relaxed casting stresses and controlled the
magnetic domain structure2, 3. In contrast, the role of processing on mechanical
properties has been widely examined but a comprehensive processing – property
2
relationship remains absent. In this first chapter glass formation and structural
descriptors of MGs are reviewed in the context of various processing routes applied to
MGs to control their mechanical properties with the aim of developing a potential
framework for understanding structure – property – processing relationships in MGs.
1.1. Glass Forming Process
To form a metallic glass, the liquid phase must be cooled sufficiently quickly to
circumvent crystallization. Upon cooling below the liquidus temperature, a strong
driving force for nucleation and growth of crystallites emerges in the supercooled
liquid phase36–38. As the supercooled liquid is further cooled the driving force grows,
ultimately resulting in crystallization as indicated by the cooling path intersecting
the crystallization nose in the time-temperature-transition (TTT) diagram, shown
schematically as cooling path (1) in Figure 1.1a (adapted from Ref. 39). When
considering the energy of the system, as shown in Figure 1.1b (adapted from Ref. 36),
a discontinuous transition from the high energy liquid to the low energy parent crystal
state is found.
However, if a critical cooling rate (Rc) is exceeded, the supercooled liquid avoids
the crystallization nose40, as shown by cooling path (2) in Figure 1.1a . In this case
the supercooled liquid remains in a dynamic equilibrium, where the atomic relaxation
times are sufficiently fast to accommodate changes in temperature. This equilibrium
persists until the relaxation times reach 100s of seconds and the liquid undergoes
3
kinetic freezing as a part of the glass transition and the structure ceases to evolve36, 37.
In the energy diagram, the glass transition is observed as a smooth transition from the
rapidly changing supercooled liquid to the slowly varying glass phase with an enthalpy
difference with respect to the parent crystal36, 37. This process is illustrated by cooling
path (2) in Figure 1.1b. Critically, further increasing the cooling rate results in a
glass transition at higher temperatures and enthalpies, resulting in subtle differences
in amorphous structures. This variability in glass formation is demonstrated by the
difference between the slow cooling rate of (2) as compared to the fast cooling rate of
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Figure 1.1: The glass forming process is illustrated in a) through a time-temperature-
transition diagram (TTT). In the TTT diagram cooling path (1) intersects the
crystallization nose resulting in a crystalline solid. If a critical cooling rate, shown
as path (2), is achieved the crystallization nose is avoided resulting in a glassy solid.
The cooling rate can be further increased, shown as path (3), resulting in earlier glass
formation. The different cooling paths result in distinct system enthalpies as shown
in b). Again, cooling path (1) results in crystallization and a discontinuous change
in enthalpy. Cooling paths (1) and (2) result in glass formation and a continuous
transition from the supercooled liquid to amorphous solid. However, the difference in
cooling rate results in a glass transition at higher temperatures and enthalpies as the
cooling rate increases. Finally, the glass structure may be tuned between the extremes
of cooling rate by annealing in the supercooled liquid as shown by path (4).
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(3). Finally, the glass structure may be varied between the extremes of cooling rate
after glass formation by annealing in the supercooled liquid as shown in path (4). In
this region the crystallization kinetics are sluggish, enabling a wide range of potential
cooling rates and resulting enthalpies. Therefore, it is the inherent metastabillity of
the amorphous structure that gives rise to the unique processability of MGs. While
thermal processing is the canonical method to tune glass response, many other routes
have been explored in MGs and will be discussed in detail in remainder of this chapter.
From a practical standpoint, producing a metallic glass often requires extreme
processes such as melt spinning with cooling rates on the order of 106K/s7, 39. Yet
such high cooling rates restrict the critical casting thickness to 10’s of microns41, 42.
As a result, the metallic glass community has striven to reduce Rc and achieve greater
casting thicknesses, in excess of 10 cm, for the best glass formers. This effort has
resulted in a series of empirical rules for producing MGs. In general, good glass
forming ability is achieved by choosing a composition with at least three primary
constituents that lie near a deep eutectic, with large atomic sizes mismatches (>12%),
and with large negative enthalpies of mixing. However, the gains in casting size have
been achieved at the expense of structural control by restricting the range of usable
cooling rates based on the approximate relation between cooling rate (R) and casting
thickness (t) given as R ≈ 10/t2 42.
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1.2. Describing Glass Structure
In order to compare different processing steps a good descriptor of the resulting
structure is required. However, describing the glassy structures of MGs remains
an outstanding challenge. In stark contrast to crystalline metals, when examined
by a cabinet x-ray diffractometer, different glass structures, and hence processing
histories, are largely indistinguishable43–46. To resolve quantifiable differences in
structure the high resolution of synchrotron x-ray sources or neutrons are required47–50.
The difference in sensitivity between cabinet x-ray diffractometers and high energy
diffraction sources in shown in Figure 1.2. Here, high energy x-rays and neutrons
reveal subtle differences in the structure factor, particularly in the first and second
scattering peaks, due to changes in composition in a binary Cu-Zr glass. Critically,
such experiments reveal ordering in MGs at short and medium ranges, where short-
range order refers to nearest neighbor distances while medium-range order describes
the arrangement of different short-range structural motifs.
Yet even the highest resolution measurements cannot uniquely identify structural
configurations. For simple binary alloys the distribution of structural motifs may be
extracted with the aid of computer simulations47, 48, 51–53. While molecular dynamics
(MD) simulations have greatly advanced the understanding of glass structure and
helped identify specific atomic packing configurations prone to deformation54–56, the
impact has been muted by the lack of direct experimental observations to findings from
MD. Furthermore, as the chemical complexity of a glass forming alloy is increased, as
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is often necessary to improve glass forming ability, the resulting structural complexity
makes solving for the structure intractable51, 57. Instead, only global changes in atomic
density may be inferred from changes in the radial distribution function49, 50, 58–62.
Figure 1.2: a) From Ref. 46, XRD patterns from an as-quenched metallic glass (black)
and glasses subjected to high pressure (orange) torsion or annealed at 623 K (red)
and 723 K (blue) are largely indistinguishable. Copyright 2010, with permission from
Elsevier. b) From Ref. 48, in contrast, high energy sources such as synchrotrons
or neutrons reveal subtle differences in the structure factor, particularly in the first
and second scattering peaks, due to changes in composition in a binary Cu-Zr glass.
Copyright 2009, with permission from Elsevier.
Similarly, recent advances in electron microscopy have led to techniques capable
of gleaning information from disordered solids. For instance, fluctuation electron
microscopy (FEM) employs a statistical approach to construct a radial distribution
function from fluctuations in contrast63–66. In this way, FEM is able to overcome
challenges associated with dynamic scattering of electrons to probe both short- and
medium-range order in MGs. Furthermore, the development of new scanning transmis-
sion electron microscopy methods has enabled direct observation of local packing67, 68.
When applied to a binary glass, diffraction measurements taken with a coherent
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Angstrom scale spot size revealed distinct packing configurations and allowed specific
icosahedral ordering to be determined from rotational symmetries. Despite the new
insights provided by cutting-edge electron diffraction methods, many of the same
challenges encountered in XRD remain in determining specific atomic positions and
environments.
As a result, the metallic glass community has turned to other metrics to describe
glassy structures. The canonical descriptor employed in both theoretical and exper-
imental studies of MGs is the free volume69–72. Shown schematically in Figure 1.3,
the free volume quantifies deviations from the ideal packing efficiency. However, free
volume is typically an experimentally intractable quantity. While methods such as
positron annihilation spectroscopy73–75 are able to measure free volume, the measure-
ments are often limited to quantifying differences in free volume76–79. Yet in order
to apply theoretical models for MG deformation, the absolute value of free volume is
necessary since subtle changes may result in drastically different properties.
High Free Volume Low Free Volume
Figure 1.3: Free Volume quantifies deviations from ideal packing. In a crystal, the
free volume is low due to efficient packing. However, glasses can have a range of free
volumes depending on the temperature and processing history
Given the challenges associated with directly interrogating free volume, alternative
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Figure 1.4: From Ref. 85, a) the effect of annealing time at 675K(0.92Tg) on the
heat flow around the Tg in a Zr55Cu30Al10Ni5 metallic glass. As the annealing time
increases, the endothermic peak beginning around 700 K grows, indicating less excess
enthalpy after annealing. In b) changes in enthalpy are correlated to differences in
free volume determined from changes in density after thermal treatments. Copyright
2003, with permission from Elsevier.
metrics, which are related to free volume, are desirable. One such indicator is the
calorimetric response of MGs around the glass transition temperature (Tg), which
strongly depends on structural state. For instance, different processing routes enact
small changes in Tg, up to a few Kelvin
80–82. More importantly, the enthalpy evolved
around Tg strongly indicates changes in structure. By integrating the enthalpy release
while heating through the glass transition, an excess enthalpy can be determined
and used to compare different processing histories45, 83–86. Such changes in excess
enthalpy have been further correlated to changes in free volume85. An example of
the typical differences in the calorimetric response of MGs prepared under annealing
treatments are shown in Figure 1.4a for a Zr55Cu30Al10Ni5 metallic glass. Furthermore,
the changes in enthalpy are correlated with changes in free volume in Figure 1.4b.
However, simply comparing energies hinders comparison between different glass
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chemistries with subtly different thermal responses. Instead, the fictive temperature
(Tf) may be a suitable parameter to describe glass structural state. The fictive
temperature describes the temperature at which a glassy structure would be at
equilibrium87–90. Unlike Tg, Tf is a thermodynamic property making it sensitive to
processing history. As a result, comparing Tf to Tg enables comparison of processing
routes and different glass systems91. Here, a high Tf relative to Tg indicates a “liquid-
like” structure while a low Tf relative to Tg indicates a more ordered glass structure.
A detailed discussion of the determination of Tg and Tf can be found in Chapter 4.
1.3. Metallic Glass Deformation
The well-ordered structure of crystalline metals has facilitated a detailed under-
standing of the mechanisms that accommodate plastic deformation. As a result, many
processes, including dislocation motion, deformation twinning, and grain boundary
sliding, have been identified, and are active to different extents depending on the
microstructure and testing conditions92–97. In contrast, all deformation in MGs is
understood as the result of a single fundamental unit, the shear transformation zone
(STZ)10.
A shear transformation zone is a small volume of atoms which undergo a coop-
erative, non-affine rearrangement due to an applied shear stress69, 70. A schematic
of this process is illustrated in Figure 1.5. The fundamental groundwork for the
STZ was developed by Spaepen and Argon in the late 1970’s to describe the vari-
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ous deformation modes observed in MGs69, 70. By modeling a competition between
stress-driven activation of STZs and thermal relaxation of deformation-induced excess
free volume and local stresses, Argon predicted the transition between the low and
high temperature deformation regimes70. Subsequently, the STZ framework has been
adapted into detailed theoretical models98, constitutive models72, 99–101, and finite
element methods102–107.
Figure 1.5: From Ref. 10, An illustration of a shear transformation zone (STZ) in
which a group of atoms undergo a local rearrangement due to an applied shear stress.
Copyright 2007, with permission from Elsevier.
Critically, the STZ is a transient defect and its location cannot be identified a
priori. Instead, much effort has been made to identify structural motifs that are more
or less likely to deform54–56, 108. Atomistic simulations have suggested that some local
atomic packing environments, coined geometrically unfavorable motifs, preferentially
deform54, 55. These motifs typically include distorted icosahedra; in contrast, ideal
icosahedra are unlikely to deform. This result suggests STZs to be a more concrete
structural feature rather than simply local regions of enhanced free volume.
Similarly, new conceptual frameworks for STZs which incorporate the energy
topology have emerged. Mapping deformation to an energy landscape is a potentially
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powerful framework for understanding micromechanisms and enables facile comparison
to structural descriptions based on excess enthalpy. In the potential energy landscape
description (PEL), different deformation mechanisms are related to various relaxation
processes109–115. Specifically, the topology of the internal glass energy is described as
a rugged energy landscape consisting of many energy macro-basins37, 111. Within the
macro-basins, multiple sub-basins exist resulting in local energy minima and distinct
structural states. Within this PEL, picture transitioning between macro-basins is
associated with the α-relaxation (i.e. escaping the macro-basin pictured in Figure 1.6)
and related to either the glass transition or mechanical yield37, 109, 112, 114. Transitions
between the local minima of sub-basins, such as those pictured in Figure 1.6, is
associated with secondary β-relaxations, which have been suggested to be equivalent
to STZs.
While the PEL description of MGs provides a simple mapping of glass structural
state onto an energy spectrum, the details of the PEL show sensitivity to history and
ultimately define the dynamic response of the glass115, 116. For instance, the profile
of the macro-basins and organization of sub-basins was found to depend on cooling
rate. Here, the slope of the macro-basin is related to shear modulus, and decreases
with increasing cooling rate, providing evidence that the mechanical response may
strongly depend on processing. Yet the shape of the sub-basins, which is related to
the high frequency response, appears to be insensitive to history115, 116. The PEL and
its sensitivity to cooling rate are illustrated in Figure 1.6.
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Figure 1.6: From Ref. 115, the shape of the potential energy landscape, as determined
from the shear modulus is illustrated. Here the high frequency response, which
contributes to the topology of individual sub-basin, is insensitive to cooling history. Yet
the non-affine contribution to the shear modulus is highly sensitive to cooling history
leading to broadening of the macro-basin with increasing cooling rate. Copyright 2014,
with permission from Nature Publishing Group
1.3.1. Deformation Phenomenology
In general, the STZ-based deformation in MGs can be grouped into a high
and low temperature regime. In the high temperature regime, above ∼0.8Tg, MGs
homogeneously flow under applied stresses117 and thermal relaxation begins dominating
the deformation response. At low strain rates, activating an STZ produces free volume
and the materials softens. However, thermal relaxation quickly erases this history-
induced softening and annihilates excess free volume69. As the strain rate increases
thermal relaxation must compete with an ever increasing amount of strain-induced
free volume generation99. Eventually, an excess of local softening occurs and the
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material transitions to a new, softer equilibrium state with higher free volume. This
results in an observed transition from Newtonian to non-Newtonian flow118–127. The
strain rate at which this transition occurs is highly temperature dependent.
In contrast to the homogeneous deformation at high temperatures, in the low
temperature regime MG deformation is heterogeneous35. Below ∼0.8Tg, STZs activate
in a cooperative manner and the deformation localizes into shear bands35. Upon
yield, the material within a shear band softens and the strain rate bifurcates, going
to zero outside the shear band while rapidly increasing within the shear band70. In
Figure 1.7: From Ref. 10, a qualitative map of bulk metallic glass deformation modes.
For the range of strain rates included here, deformation localizes under all applied strain
rates at temperatures less than 0.9Tg. Depending on the strain rate, flow serations
(i.e. periodic load or displacement bursts) are observed. At lower temperatures, the
strain rate must also be correspondingly lower (less than the minimum strain rates
shown here) to avoid inhomogeneous deformation. At sufficiently high temperatures
(i.e. > 0.9Tg), the bulk metallic glass deforms homogeneously in a non-Newtonian
manner at high strain rates and in a Newtonian manner at sufficiently low strain rates.
Regardless of the temperature, at very high strain rates, deformation will always
localize. Copyright 2007, with permission from Elsevier.
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the absence of a mechanism to arrest the shear band, such as confinement128–130 or
competing thermal and strain rate effects131, 132, a single, system spanning shear band
will result in catastrophic failure35. Under appropriate conditions, flow serrations,
observed as periodic load or displacement bursts, are observed10. It is precisely this
process of shear localization that has restricted application of metallic glasses. Based
on these observations a deformation map for MGs has been developed as shown in
Figure 1.7
1.3.2. Controlling Metallic Glass Deformation
In an effort to control or even prevent shear bands and achieve homogeneous
deformation akin to the high temperature response, a number of strategies have been
employed. For instance, tuning glass composition has proven effective in improving
bending ductility and toughness18, 133–135. These gains have been made in two ways.
First, the chemistry was intentionally altered to promote the formation of crystalline
precipitates,133 thereby creating a MG metal matrix composite. The precipitates assist
in arresting or deflecting shear band propagation when their spacing is below a critical
length scale. Such composite structures are interesting and promising structural
materials but are beyond the scope of this study, which focuses on purely amorphous
structures and not composites..
Second, glass compositions have been selected to favor low ratios of the shear mod-
ulus to bulk modulus (G/B), which correspond to high Poisson’s ratios (ν)18, 134, 135.
15
In this case, the MG approaches an incompressible solid (i.e. ν = 0.5). This favors
the nucleation of a high density of shear bands as opposed to a single shear band by
inhibiting dilation along the shear band and favoring shear band extension134.
However, these strategies for shear band control necessitate altering the glass
composition to achieve the desired response. Yet many applications require specific
chemistries, for instance to ensure bio-compatibility28–31, corrosion resistance23, 136, or
magnetic properties1–3. As a result, post-processing routes have also been explored to
tune the desired MG response.
1.4. Processing Sensitivity
The fundamental physics of glass formation and the unique metastability that
results enable a continuous spectrum of structural states. Changing the cooling
rate shifts the glass transition to higher or lower temperatures for higher or lower
cooling rates, respectively. While the changes in Tg are small, significant changes
in properties are observed. As the cooling rate increases, a less dense structure is
produced with subtly different atomic packing environments137; as a result the modulus
and hardness decrease and ductility increases57, 138–142. Figure 1.8 shows the cooling
rate dependence of microhardness in a Pd-based MG. Accordingly, a terminology has
emerged to qualitatively describe the effect of cooling rate on glassy structure. Here
lower cooling rates produce more “solid-like” structures while higher cooling rates
result in more “liquid-like” structures.
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Figure 1.8: From Ref. 138, the cooling rate is found to influence the microhardness
in Pd-based MG. Slow cooling rates result in greater microhardness. This is further
reflected in an increase in density (inset). Copyright 2001, with permission from
American Physical Society.
However, control over the glassy structure is not restricted to the time of glass
formation. While thermal processing (i.e. changing cooling rate) is the prototypical
method to enact structural changes in glasses, numerous processes have been explored
to alter the glass structure and properties. These methods may broadly be described
as either a relaxation or rejuvenation process, with the former corresponding to lower
effective cooling rates and the latter indicating higher effective cooling rates.
Yet, despite extensive examinations of processing effects on metallic glasses, a
comprehensive framework for comparing and assessing the effects of various processes
is absent. In particular, the effects of relaxation and rejuvenation processes on the
mechanical properties have not been consistently linked to changes in MG structural
descriptors. In reviewing reports from the literature, a general trend emerges in
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which the effect of a processing route may be explained through the interdependent
structural descriptors of excess enthalpy and free volume. This relationship is shown
schematically in Figure 1.9, which summarizes the relationship between mechanical
properties and structure, as described by excess enthalpy or free volume, for many
methods used to alter metallic glasses. The details of the MG processing methods
are summarized in Table 1 and Table 2 respectively and described in the following
sections.
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Figure 1.9: Illustration of relationship between metallic glass properties, such as yield
strength (σy or Young’s modulus (E), and structural state, as indicated by excess
enthalpy (H) or free volume (V), for different relaxation and rejuvenation processes.
Here prototypical relaxation processes are illustrated and include slow cooling by
copper mold casting, annealing below Tg, cyclic loading at small elastic strains, and
large hydrostatic pressures. Similarly potential rejuvenation treatments are showing
including fast cooling by melt spinning, annealing above Tg, cycling to cryogenic
temperatures, surface peening, severe plastic deformation such as cold rolling, and
irradiation with high energy particles.
19
Table 1: Summary of metallic glass relaxation treatments.
Method Description Canonical Result References
Slow Cooling
Rate
Slow cooling rates result in kinetic
freezing at lower temperatures
Produces relaxed structures with lower
excess enthalpy, higher modulus and
strength, and decreased ductility.
56, 57, 81,
137–143
Sub-Tg
Annealing
Low temperature annealing enables
structural relaxation on long time
scales
Reduces excess enthalpy resulting in
embrittlement and enhanced modulus
and strength and reduced ductility
17, 45, 58,
78, 79, 83, 85,
86, 91,
144–163
Cyclic Elastic
Loading
Small cyclic strains activate STZs
Operation of isolated STZs annihilates
free volume leading to relaxation and
greater median pop-in loads.
107, 164–178
Hydrostatic
Pressure
Applying large hydrostatic pressures
promotes densification. Elevated
temperatures accelerate this process
Reduces free volume and excess
enthalpy leading to higher strengths
77, 148,
179–192
Table 2: Summary of metallic glass rejuvenation treatments.
Method Description Canonical Result References
Fast Cooling
Rate
Fast cooling rates result in kinetic
freezing of the liquid at higher
temperatures
Produces rejuvenated structures with
higher excess enthalpy, lower modulus
and strength, and increased ductility.
56, 57, 81,
137–142
20
Annealing
Above Tg
High temperature annealing followed
by a rapid quench preserves high
temperature liquid structures
Increases excess enthalpy resulting in
increased plasticity and reduced
modulus and strength
85, 91, 151,
193, 194
High pressure
torsion
High pressures allow accumulation of
large torsional plastic strains
Large plastic strains produce free
volume and highly rejuvenated
structures
46, 49, 50,
60–62,
195–201
Cold working
Drawing and rolling produce high
strains under confinement
Creates a high density of shear bands
resulting in decreased strength and
increased ductillity
44, 58, 76,
78, 80, 121,
159, 163,
202–221
Equal Angle
Channel
Extrusion
Produces uniform shear strains through
multiple passes with no shape change
Produces free volume depending on the
angle and number of passes resulting in
rejuvenation
222–224
Surface
Peening
High energy impact by shot or laser
imparts heavy damage to the surface
Induces a high density of shear bands
in the near surface region which may
result in bulk changes in ductility is
strength
225–241
Irradiation
High energy particles result in
knock-on damage and the formation of
local regions with extremely high
effective cooling rates
Imparts large free volume changes
observed as net volume changes,
decreased strength and suppression of
shear bands
242–261
Cryogenic
Cycling
Thermal expansion mismatch between
high and low free volume regions
produces large local strains
Increases plastic strain with increasing
cycles while excess enthalpy peaks at
10-15 cycles
262
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1.4.1. Relaxation
A relaxation process is any treatment that reduces the enthalpy stored in the
glass strucure. The reduction of stored enthalpy is accompanied by a densification
of the structure45, 78, 79, 144–146. As a result, relaxed MGs typically exhibit increased
elastic moduli and yield strength17, 147–150. However, these gains come at the expense
of ductility91, 151, 152. Typically, structural relaxation is accomplished by annealing
below the glass transition for extended periods of time; the time necessary for complete
relaxation scales exponentially with temperature difference from Tg
83, 144, 153. The
effect of relaxation on the glass enthalpy is shown in Figure 1.10. Here the as-cast glass
(black triangles) evolves more enthalpy around Tg and does not follow the supercooled
liquid cooling curve. In contrast the relaxed glass (open circles) evolves less enthalpy
and closely matches the supercooled liquid cooling curve in the temperature window
considered here. This suggests a lower effective cooling rate in the relaxed glass
as compared to the as-cast glass since it follows the supercooled liquid to lower
temperatures. The relaxation applied to treatments are summarized in Table 1.
However, relaxation is not limited to thermal processes. Recently, mechanical
treatments have been demonstrated to produce a relaxation response. For instance,
spherical nanoindentation studies showed that cyclic loading at low loads changed the
distribution of first pop-in loads164, 165. In the as-quenched glass a wide distribution
of pop-in loads was observed. As the number of elastic pre-loads increased the
distribution of pop-ins tightened and shifted to greater loads. This process is illustrated
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Figure 1.10: From Ref. 83, the enthalpy response of a metallic glass near Tg is shown.
Here, the as quenched glass (black triangles) evolves more enthalpy when heated
through Tg. In contrast, the relaxed glass (open circles), evolves less enthalpy and
collapses onto the supercooled liquid cooling curve. Copyright 2007, with permission
from Elsevier.
in Figure 1.11. Similar results were found in pillar compression fatigue measurements,
which also identified densification from the x-ray diffraction measurements166. MD
and finite element studies further support this observation of relaxation by cyclic
loading107, 167–170. In these studies, cyclic loading stimulates deformation in regions of
high free volume, effectively exhausting the easily deformed regions and annihilating
free volume. However, the magnitude of the elastic strain plays a role. In cases of
large cyclic strains, that are still less than the global yield strain, a tendency to soften
emerges170, 263.
Application of large hydrostatic pre-stresses is also effective at relaxing glass
structures. Hydrostatic loading promotes densification, resulting in reduced stored
enthalpy and increased yield strength, a clear indicator of structural relaxation77, 179–181.
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Figure 1.11: From Ref. 164, a) example of the spherical nanoindentation process. The
load-displacement curve shows the cyclic preloading well below the first pop-in load
as indicated by the deviation from the elastic loading prediction (black line). The
inset shows the applied load profile. In b) the cumulative distribution of first pop-in
loads for uncycled, 1 cycle, 5 cycles, and 10 cycles is shown. As the number of cycles
increases the distribution shifts to higher loads and tightens. Copyright 2008, with
permission from AIP Publishing LLC.
Furthermore, when hydrostatic pressure is coupled with elevated temperatures the
relaxation process is accelerated148, 182 while crystallization may be hindered due to
decreased diffusivity183. However, hydrostatic loading is not universally effective.
While pressure may stabilize an amorphous structures, in some alloys large pressures
resulted in stress induced crystallization184.
1.4.2. Rejuvenation
The converse response is a rejuvenation process. Potential rejuvenation treat-
ments are summarized in Table 2. During a rejuvenation treatment the enthalpy
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stored in a glass structure and the free volume is increased49, 78, 198. As a result
a rejuvenated glass exhibits decreased elastic moduli and yield strength151, 193, 198.
Additionally, rejuvenation treatments are effective in enhancing the capacity for plastic
deformation91, 151. Again, thermal processing is the canonical route to rejuvenation.
To rejuvenate a glass it is annealed above the glass transition in the supercooled
liquid region. The supercooled liquid is then quenched into the glassy state193, 194.
In this case, the degree of rejuvenation depends on the annealing temperature and
quench rate; higher temperatures and faster quench rates produce more liquid-like,
rejuvenated structures194. The rejuvenation process is shown in Figure 1.12 by the
increasing enthalpy with increasing quench rate.
Figure 1.12: From Ref. 193, a metallic glass is rejuvenated by annealing above Tg
then quenching into the glassy state. The degree of rejuvenation is indicated by the
increasing enthalpy of relaxation and is controlled by the annealing temperature and
the ensuing quench rate. Copyright 2013, with permission from AIP Publishing LLC.
Similar to relaxation, rejuvenation may also be accomplished by non-thermal
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routes. One attractive route is through mechanical treatments that introduce non-affine
strains by activating many STZs. Widely examined mechanical treatments include
severe plastic deformation processes (SPD), such as cold working44, 58, 76, 78, 202–214,
high pressure torsion (HPT)46, 49, 50, 60–62, 195–198, or equal channel angular extru-
sion (ECAE)222–224. In these methods, confinement suppresses catastrophic failure
and enables the accumulation of large plastic strains through copious shear band-
ing46, 49, 50, 62, 76, 198, 214. Recently, as MGs attracted renewed interest cold rolling and
HPT have been extensively examined as a means to control shear band mediated de-
formation by rejuvenating the structure. This rejuvenation effect is observed in subtle
changes to the radial distribution function49, 50, 58, 61 as well as significant changes in
the stored enthalpy and mechanical properties44, 50, 196, 198, 206, 211, 212, 214. The effects
of SPD are shown in Figure 1.13. When subjected to HPT both the hardness and
modulus decrease with increasing number of rotations. This reduction in mechanical
properties is accompanied by an increase in relaxation enthalpy.
High energy surface treatments, such as shot and laser peening, may also induce
a strong rejuvenation effect. Subjecting the surface to shot peening produces a high
density of shear bands at the surface225–232. As a result, the indentation hardness is
reduced226, 229 and enhanced capacity for plastic deformation is observed230. However,
the peening process is highly temperature sensitive. For instance, peening at cryogenic
temperatures has been shown to enhance deformation induced rejuvenation227 or
promote deformation induced crystallization234 depending on glass composition and the
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Figure 1.13: From Ref. 198, in a) the effect of increasing number of high pressure
torsion rotations is shown. As the number of rotations increases both the hardness
and modulus decrease. However, the as-cast properties are recoverable by annealing
after severe deformation (open symbols). The changes in mechanical properties are
accompanied by changes in relaxation enthalpy as shown in b). As the number of
rotations increases the relaxation enthalpy increases from less than 5 J/g to nearly
30 J/g. Copyright 2012, with permission from AIP Publishing LLC.
thermal history. Similarly, laser shock peening induces significant surface deformation
by generating large shock pressures233, 238–241. As a result, the hardness near the laser
shocked region is reduced but remains unchanged in material well removed from the
damage site.
Similarly, when irradiated by high energy ions or neutrons a MG is rejuvenated
by knock-on damage. MD simulations suggest that collisions between impinging ions
and the target atoms produces a localized thermal spikes leading to a high density of
“liquid-like” clusters and increased free volume242–248. Macroscopically, large reductions
in strength, suppression of shear banding, and improved ductility are observed249–254.
These changes in mechanical response are coupled to a reduction in density (increased
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free volume) and increased energy stored in the glassy structure242, 243, 255–257.
Finally, thermal cycling to cryogenic temperatures has recently been reported
to produce a rejuvenation effect262. After repeatedly quenching to liquid nitrogen
temperatures and then heating to room temperature, the excess enthalpy of the system
increased and multiple thermal relaxation peaks appeared before the glass transition
temperature. In conjunction, the distribution of hardnesses shifted to lower hardness
and an enhancement in plastic strain was found. This effect was hypothesized to
emerge due to thermal expansion mismatches between the initial population of local
soft spots and the surrounding matrix leading to large local non-affine strains upon
cooling262. As a result thermal cycling leads to localized plasticity around soft spots
and increases the population of available deformation sites. Interestingly, the excess
enthalpy reaches a maximum and decreases with additional thermal cycles. Yet the
hardness saturates at a lower hardness while the plastic strain continues to increase.
1.5. Small Scale Metallic Glass Deformation
While processing history has been shown to strongly affect the mechanical response
in MGs, reduction of specimen size to small length scale has recently been explored as
an alternative route to controlling shear band and MG deformation. Following initial
findings by Guo et al.264 that simply reducing specimen size suppresses shear bands,
microscale and nanoscale dimensions have been explored as a route to controlling
shear bands. Numerous follow up investigations observed a transition from shear
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Figure 1.14: From Ref. 265, as the MG pillar diameter decreases the deformation is
observed to transition from shear band dominated at a) 3.61µm and b) 1.84µm in
diamter to quasi-homogeneous, with an absence of shear bands, at c) 440nm and d)
140nm in diameter. Copyright 2008, with permission from AIP Publishing LLC.
bands at large sizes to homogeneous flow, akin to high temperature deformation, below
a critical length scale265–270. Figure 1.14 shows example failure morphologies that
transition from shear band dominated to an absence of shear bands when the pillar
diameter is reduced to less than ∼1µm265.
To rationalize the observed size transition a theory analogous to the Griffith
criteria for crack propagation was developed. In this formalism the elastic strain
energy stored in the MG at the time of yield offsets the energy penalty to form a shear
band (Equation 1.1)265. Here, σ is the applied stress, ε is the strain and pir2L is the
specimen volume,
√
2pir2 is the shear band area assuming 45◦ incliniation, and Γ is
the shear band energy per unit area. Solving for stress gives the critical stress (σc) for
forming a shear band as Equation 1.2, where the elastic modulus (E) is substituted
for σ/ε.
piεσr2L
2
=
√
2pir2Γ (1.1)
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σc =
√
23/2ΓE
L
(1.2)
The criteria for shear band formation is illustrated in Figure 1.15. As the specimen
size decreases less elastic energy is available to offset the energy required to for a shear
band. As a result, the critical stress increases. However, the intrinsic strength of the
MG is proposed to be independent of size. As a result, below a critical size, the stress
necessary for forming a shear band surpasses the intrinsic strength of the MG. Under
this condition, deformation must proceed homogeneously until the stress reaches the
shear band nucleation stress or fracture occurs.
Figure 1.15: From Ref. 267, the criteria for suppression of shear bands due to reduced
specimen dimension is shown. As the specimen size decreases, the stress for form a
shear band increases until it exceeds the intrinsic strength of the MG. Copyright 2010,
with permission from Nature Publishing Group
However, while the simple model for shear band formation has gained wide
acceptance, many contradictory observations have been made. For instance, Schuster
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et al. observed shear bands in pillars with diameters approaching 250 nm, well below
the predicted critical length scale271, 272. Similarly Tian et al.273, Wang et al.274 and
Chen et al.275 found shear bands in sub-micron tensile specimens. Finally, To¨nnies et
al. studied both size and strain rate effects and found an interplay between size and
strain rate effects276.
Given the strong processing sensitivity, the discrepancies in mechanical behavior
at sub-micron length scales is unsurprising. Until recently, the majority of microme-
chanical studies on MGs employed focused ion beam (FIB) milling to fabricate test
samples. However, irradiation has been shown to alter MG structures and properties
according to experiments and MD simulations242, 249, 255, 256, 277. Thus the convolution
of potential size and processing effects are challenging to separate. This motivates a
significant amount of the work reported in this thesis.
1.6. Overview
In summary, the unique processing sensitivity of metallic glasses, which stems
from the glass formation process, was considered. Broadly, MG processing routes may
be described as either relaxing or rejuvenating the glassy structure. Yet a tractable
and consistent method for comparing structural changes resulting from different
processing routes remains absent. Nowhere is the gap in quantifying processing effects
more prevalent than in the recent study of micro- and nanoscale MGs, where the
FIB employed to fabricate test samples may drastically alter the material response.
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However, the literature suggests strong correlations between excess enthalpies and
the mechanical response in bulk MGs. As a result, excess enthalpy offers a potential
method for quantifying structural state – processing – property relationships in
metallic glasses. Therefore, the overarching goal of this dissertation is to determine the
interplay between size and processing on micro- and nanoscale MGs. In the following
chapters, mechanical property measurements will demonstrate that reduced length
scales enhance processing sensitivity and provide access to a greater range of structural
states. Furthermore, to quantify the interplay processing sensitivity, a structural state
– property relationship will be developed.
Thus in this dissertation, a study of the effect of processing history on the
mechanical properties of MG nanowires and sputtered thin films will be presented.
First the nanomechanical testing methods, particularly the production and harvesting
of MG nanowires, a custom nanomechanical testing apparatus, and the production
and testing of MG thin films, will be described in Chapter 2. Subsequently, the effect
of both irradiation and annealing on the tensile response of MG nanowires will be
presented in Chapters 3 and 4. Based on these experimental observations, a model for
glass strength based on glass structural descriptors will be developed in Chapter 4.
In addition, Chapter 5 examines the high temperature thermomechanical response
of MG nanowires to gain further insight on the potential interplay between size and
processing. In Chapter 6, the effect of deposition temperature on the mechanical
properties of sputtered thin film MGs will be examined as a method to determine
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properties at the time of glass formation with a wider range of accessible structures.
Finally, we conclude by summarizing the major findings from this thesis and outline
future experimental directions in Chapter 7.
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Chapter 2
Materials and Methods
Portions of this chapter have been reproduced with permission from Scientific Reports,
Volume 3, Page 16 (Copyright 2013 Nature Publishing Group), Acta Materialia,
Volume 74, Page 165 (Copyright 2014 Elsevier), and Scientific Reports, Volume 6,
Page 19530 (Copyright 2016 Nature Publishing Group).
When studying materials mechanics at the micro- and nanoscale many of the
methods are functionally similar to marcoscale testing. However, unique challenges
often arise, such as how to prepare specimens for testing or how to apply and
measure forces. To overcome these challenges, new equipment and methods must be
developed. As such, a considerable portion of the work described here surrounds the
development and implementation of new nanoscale testing methods, as is detailed in
the following sections. First, the fabrication, preparation and testing of MG nanowires
under a variety of conditions will be described. Considerations for evaluating the
accuracy of these methods are also presented. Second, ion irradiation methods to
vary the structural state in MG nanowires are presented, as well as supporting
methods to characterize the structural impact of ion damage. Finally, the deposition,
characterization, and mechanical testing of MG thin films will be described.
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2.1. Tensile Testing of Individual Nanowires
2.1.1. Nanowire Fabrication and Harvesting
Nano-mechanical testing was performed in situ on Pt57.5Cu14.3Ni5.7P22.5 nanowires.
The Pt-glass nanowires were fabricated through thermoplastic molding by G. Kumar
and J. Schroers at Yale University using methods previously described in26. Briefly,
the nanowires were molded in a nanoporous alumina template at 270 ◦C under an
applied pressure of 130 MPa. After molding, the alumina template was etched in KOH
to leave free standing nanowires. The resulting nanowires had diameters between 90
and 160 nm with nominal testing gage lengths of 3µm. The molding processes is
illustrated in Figure 2.1259.
Figure 2.1: a) Pt-glass nanowires are produced by thermoplastic molding at tempera-
tures above Tg. After molding the the mold is etched to release the Pt-glass nanowires.
An array of molded nanowires after releases is shown in b).
The Pt-glass nanowires were subsequently mounted to specially prepared AFM
cantilevers. Using the FIB, the cantilever end was removed and trenches were milled
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parallel to the cantilever axis to aid in nanowire alignment. Using a nanomanip-
ulator (Kleindiek) in a scanning electron microscope (FEI Quanta 600 FEG Mark
II), nanowires were harvested and secured to the prepared cantilever using a Pt-
based electron beam induced deposition (EBID) material. This process is shown in
Figure 2.2.
Figure 2.2: In the SEM MG nanowires are harvested by a) placing a probe beneath
the desired nanowire. Free hydrocarbons in the chamber are deposited to form a weak
bond between the nanowire and probe to enable the nanowire to be removed from
the surface. b) After lifting from the substrate the nanowire is transferred to a new
substrate for specimen mounting and is brought into contact. c) Pt-EBID is used to
anchor the nanowire. d) the probe is removed.
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2.1.2. In situ Nanomechanical Testing
Quantitative uniaxial tension nanomechanical tests were performed in situ in
a dual beam SEM/FIB (FEI Strata DB235) using a custom testing platform. The
platform, pictured in Figure 2.3, consisted of a closed loop six degree of freedom
nanopositioning (DOF) stage (SmarAct GmbH), a stiff linear piezoelectric actuator
(Physik Instrumente), and a MEMS based load cell (FemtoTools). The 6 DOF stage
allowed for alignment of the sample and load sensor with nanometer accuracy. The
actuator provided displacement control with a displacement range of 60µm and sub
nm resolution. The load cell was capable of measuring forces up to 100µN with <10
nN noise under high vacuum.
Figure 2.3: The nanomechanical testing platform with the translational and rotational
degrees for freedom indicated. A quarter is shown for scale. The inset shows an
expanded view of the load cell and sample mount.
To perform a tensile test, the sample was placed on the linear actuator and
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aligned with the load cell using the 6 DOF stage. The wire was secured to the load
cell using the Pt-based EBID. The nanowire was then strained at a nominal strain
rate of 5× 10−4 s−1 while simultaneously recording load and images of the test. After
testing, digital image correlation (DIC) was used to extract strain measurements from
the image sequences. Markers placed on the grips were tracked to determine the
strain278, 279.
2.1.3. High Temperature Creep Measurements
The thermomechanical behavior of individual metallic glass nanowires was mea-
sured in situ in the SEM by adapting our previously reported nanomechanical testing
methods (Figure 2.3)259, 260. Individual nanowires were mounted on a copper TEM
half grid using Pt-containing electron beam induced deposition (EBID) material to
ensure a strong mechanical mount and to allow electrical contact with the nanowire.
After manipulating nanowires to a TEM half grid using in situ pick-and-place methods
in an SEM with a nanomanipulator (Kleindiek Nanotechnik GmbH), the conductive
TEM grid electrically isolated from the testing apparatus by mounting to a custom
PEEK sample holder. A compliant copper wire was used to electrically contact the
TEM grid and hence the nanowire samples. Electrical feedthroughs allowed access to
an external source measure unit (Keithely 2636A), which was controlled by a custom
Labview program. Current was sourced from the load cell, which was held at reference
ground, to the TEM half, which was negatively biased, such that a constant power
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Figure 2.4: A schematic of the testing configuration is shown where a nanowire is
gripped between the load cell and a TEM half grid with Pt-based EBID. An electrical
current can then be passed from the load cell to the half grid
was dissipated in the nanowire.
In situ creep tests were then conducted in the SEM by bonding the free end
of a nanowire to the load cell with Pt-based EBID to complete the load train and
electrical circuit. Constant load and constant power dissipation were maintained using
proportional-integral-derivative (PID) control; the standard deviation of the load
during hold periods was approximately 90 nN. Over the course of a test the power
dissipation and/or load were progressively increased while periodically capturing images
in the SEM. When programming the PID controller, the feedback was intentionally
slowed down in an effort to prevent mechanical or thermal instabilities. SEM image
sequences were simultaneously captured and subsequently processed to calculate axial
strains using digital image correlation techniques in which Pt-EBID fiducial markers
were tracked throughout the image sequence278. The experimental setup is illustrated
schematically in Figure 2.4.
Strain was then calculated by tracking the positions of Pt-based EBID fiducial
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markers using digital image correlation techniques. After taking a sub image containing
a single fiducial marker, a Gaussian was fit to the average x and y profile as shown in
Figure 2.5. The marker coordinate is then determined as the peak position of the x
and y profile fits. Tracking was accomplished by using the fit to the marker profile
from the previous frame as the initial condition for fitting the marker profile in the
current frame. The tracking resulted in a trajectory for each marker in both the x
and y directions. The trajectories were used to calculate the displacement of each
marker and the average displacement of the two grips. The trajectories also allowed
the potential in-plane misalignment angle to be calculated for each frame. The true
force along the nanowire axis was determined based on the resolved force and the
potential in-plane misalignment angle. In this way in plane angles were explicitly
accounted for. However, it is important to note that generally the angles were small
and did not greatly affect the measurement. Critically, potential out of plane angles
and displacements could not be accounted for and are a source of error.
Engineering strains were calculated as the change in nanowire length and ac-
counted for displacement of the grips along the load train and laterally due to thermal
drift. The first image of the testing sequence was used as the unstrained reference.
Engineering stress was calculated by measuring the nanowire diameter before defor-
mation and assuming a circular cross-section. Subsequently, true stress and strain
were calculated by assuming uniform deformation and constant volume during plastic
deformation.
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Figure 2.5: A schematic of the fiducial marker tracking method. A sub image
containing a single marker is shown. The x and y profiles are shown as blue circles.
An initial guess fit is included in red and the profile fit is shown in black. The marker
coordinate is then given by the center of the x and y profile fits.
2.1.4. Estimate of Experimental Uncertainty
The primary sources of measurement error in our stress and strain calculations
originate from the variance in diameter of the MG nanowire specimens, as well as
noise in the load sensor and digital image correlation (DIC) strain measurement.
When possible the area cross sectional area was directly measured from SEM
micrographs of the fracture surface. In such cases, an uncertainty in the cross
sectional area was determined based on the variance of any electron beam induced
deposition material present on the surface of the fracture nanowire. In cases when the
fracture surface could not be directly imaged, the cross section of the MG nanowires
was approximated as a circle (supported by top down SEM imaging of nanowire
arrays) with a diameter, d. Several measurements (>10) were taken immediately after
manipulation and preceding tensile testing. The typical variation in diameter for a
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tensile testing specimen was approximately 10 nm.
The accuracy of DIC is limited by the pixel resolution of the SEM raster, the
signal to noise ratio of the image (dictated by the electron beam dwell time), and
the spatial frequency of image contrast variation. Tests performed in the SEM at
80, 000× magnification or higher had a measured strain noise floor of ∆ε < 4×10−4.
The measured noise floor of the force sensor was ∆F ≈ 10 nN (30 Hz sampling rate).
We used the standard expressions for error propagation to calculate the error
bars for strength. The engineering uniaxial strength is calculated as σ = F/A where
F is the force and A is the cross-sectional area directly measured from images of
the fracture surface or as A = 1/4pid2. Accordingly, we can use Equation 2.1 for
the uncertainty of a quantity q that is a product and quotient of other quantities,
i.e q = r×...×w
t×...×x where the individual uncertainties are assumed to be independent
and random280. As a result, the error in the stress measurement is determined as
Equation 2.2
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2.2. Ion Irradiation of Metallic Glass Nanowires
Nanowires were irradiated under a variety of conditions in a dual beam SEM/FIB
to vary the irradiated volume fraction and ion fluence. Irradiated volume fraction
was controlled by changing the Ga+ accelerating voltage of the FIB. To this end,
accelerating voltages of 5, 15, and 30 kV were used. Stopping range of ion calculations
(SRIM.org) were performed to determine the ion range and damage distribution at
each accelerating voltage. Each simulation used 10,000 ions and full damage cascades
were calculated. Figure 2.6c-e shows the calculated ion range and damage distributions
as well as the irradiated volume fraction calculated using an assumed damage cross
section shown in Figure 2.6b. The ion stopping ranges were calculated to be 2.4 nm,
4.7 nm, and 7.6 nm for 5 kV, 15 kV, and 30 kV respectively. To irradiate a nanowire,
the electron and ion beams were aligned well away from the sample to ensure that the
beams were focused at the same point with the electron beam perpendicular to the
nanowire. Then, using the electron beam the sample was located and a reduced scan
was placed on the gage length, such that approximately 1µm was exposed. Using a
low beam current (10-30 pA) the ion beam was rastered over the nanowire a controlled
number of times. This process is shown schematically in Figure 2.6a.
The experimental ion fluence (f) was calculated according to
f =
INt
qApxlnpxl
(2.3)
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where I is the ion beam current, N is the number of times the ion beam was rastered
over the sample, t is the ion beam dwell time, q is the elemental ion charge (i.e. for
Ga+ q = 1), Apxl is the real area of a pixel, and npxl is the number of pixels. As a
result, the ion fluence was controlled by varying the number of times the ion beam was
rastered over the sample. Ion fluences ranging from 0 ions/nm2 to ∼300 ions/nm2 were
used. In addition, the effect of structural relaxation annealing on irradiated wires was
Figure 2.6: a) A schematic of the nanowire irradiation process. In the dual beam
SEM/FIB a portion of the gage length is irradiated by a beam with an incidence angle
of 38◦ with respect to the nanowire axis. The assumed cross section used to calculate
the irradiated volume fraction is illustrated in b). The red region represents the
irradiated material and the white area indicates the unirradiated volume. Results of
ion stopping range calculations showing c) ion implantation range and d) distribution
of primary knock-on damage. e) shows the calculated irradiated volume fraction for
each accelerating voltage.
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considered. Selected nanowires were irradiated with fluences between 115 and 145
ions/nm2 and subsequently annealed at 0.96Tg for 70 minutes, conditions we previously
showed to reverse the effect of ion irradiation on deformation mode259.
2.2.1. Characterizing Ion Damage in MG nanowires
Irradiated nanowires were characterized by selected area electron diffraction
(SAED) to confirm the amorphous structure. Wires were mounted to TEM lift-out
grids to eliminate possible background from carbon grids using the same harvesting
process used to prepare tensile specimens. Diffraction patterns were obtained using
a JEOL 2100 TEM with an accelerating voltage of 200 keV. Using SAED, a central
portion of the nanowire was selected such that the lift-out grid and Pt-EBID did
not contribute to the diffraction pattern. To analyze the diffraction patterns, the
radial intensities were integrated. The limits of integration were selected to avoid
contributions from the beam stop and the same limits of integration were used for all
diffraction patterns.
For the quantification of the Ga content in both irradiated and as-molded
nanowires atom probe tomography was used. Atom probe tomography was per-
formed by P. Felfer and J. Cairney at the University of Syndey. In the atom probe,
the nanowire is subjected to a high electric field, which is used to ionize and remove
single atoms from the surface, which are then captured on a 2D detector and identified
by their time-of-flight. This allows for precise compositional analysis of very small
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volumes of material. For this purpose, nanowires were manipulated via the same
methods used to prepare wires for tensile testing and welded with Pt-based EBID onto
a support structure for analysis281. The ends of the nanowires, which often showed
structural irregularities, were cut off using a Ga FIB with an energy of 30 keV. As
the atom probe data set was collected from this near-tip region, this implied that
the Ga content measured systematically represented an upper limit of the actual Ga
composition in tensile specimens. After processing in the FIB, some wires were then
annealed before atom probe analysis under the same conditions used to structurally
relax wires for tensile testing. The atom probe experiments were carried out in a
Cameca LEAP 4000X Si instrument using 90 pJ laser pulses to trigger the field
evaporation. The base temperature used was 60 K.
2.3. Sputtered Metallic Glass Thin Films
2.3.1. Deposition
DC magnetron sputtering was employed to deposit Pd77.5Cu6Si16.5 from an alloy
target. The target was produce by ACI Alloys Inc. from elemental sources with
99.99% (Pd source) and 99.999% (Cu and Si source) purity. Sputter deposition was
performed in collaboration with X. Cheng and L. Ye at Bryn Mawr College in an ATC
Orion series magnetron sputter deposition system (AJA International Inc.). Following
evacuation of the chamber to base pressures of <5×10−8 Torr, an argon plasma was
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struck at a working pressure of 4 mTorr and a target power of 125 W. Thin films were
deposited simultaneously on Si [100] and soda-lime glass slides.
To control glass structural state, thin films were deposited at varying substrate
temperatures. The substrate was radiatively heated using a quartz lamp heater. The
substrate temperature was monitored by a shielded thermocouple, which measured
heat radiated back from the sample holder. To calibrate the true temperature of the
substrate, irreversible temperature sensitive dots (Omega Label) where placed on
the sample holder and observed while increasing the heater set point. Therefore, all
reported substrate temperatures indicate the true deposition temperature and not the
heater set point.
2.3.2. Characterization
The composition was primarily determined by energy dispersive X-ray spec-
troscopy (EDS) in a FEI Quanta 600 FEG Mark II using a EDAX Octane Super
silicon drift detector. All spectra were taken at 5 kV and an incidence angle of 30◦
to ensure the electron interaction volume was fully contained by the thin film. The
resulting spectra were analyzed using EDAX TEAM software suite.
To cross-validate the EDS analysis, MG thin films deposited under similar
conditions were analyzed using Rutherford backscatter spectroscopy (RBS). RBS
spectra were collected using a NEC Mini-Tandem accelerator operating at 2 MeV.
47
The RBS detector was calibrated using a spectrum taken from a Pb-doped aluminum
oxide. The RBS spectra were analyzed using xRump and SimNRA analysis packages.
The structure of the thin films was observed through x-ray diffraction (XRD). A
Rigaku Smartlab diffractometer was operated in a parallel beam geometry to collect
θ−2θ scans from 30 to 60 2θ from thin films deposited on soda-lime glass. To support
the XRD analysis, FIB lift-outs were prepared from select deposition conditions. The
lift-outs were observed in a JEOL 2100 transmission electron microscope operating in
both bright and dark field conditions. Selected area electron diffraction patterns were
also taken from within the thin film.
2.3.3. Assessing Deformation Response
The mechanical properties of the sputtered MG thin films was assessed by
nanoindentation. An Agilent (now Keysight Technologies) G200 with XP module and
diamond Berkovich tip was used to indent the thin films at a constant constant loading-
rate-to-load-ratio of 0.05 s−1. Depth resolved hardness and modulus were determined
by the continuos stiffness method. Nanoindentation and analysis of indentation results
were performed by G. Feng at Villanova University.
To observe the deformation morphology, the thin films were indented using a
Hysitron Ti 950 Triboindenter equipped with a diamond Berkovich tip. All films
were indented at a constant loading rate of 400 µN/s to maximum load of 2000µN.
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The indent morphology was imaged using the in situ scanning probe mode under an
applied load of 2µN.
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Chapter 3
Tunable Tensile Response of Molded
Metallic Glass Nanowires
Portions of this chapter have been reproduced with permission from Scientific Reports,
Volume 3, Page 16 (Copyright 2013 Nature Publishing Group).
In this chapter the role of size and processing in thermoplastically molded Pt-
based MG nanowires is considered. We describe experiments that reveal a transition
from brittle to ductile behavior and quasi-homogeneous plastic flow in nano-sized
metallic glasses that originates from structural changes due to ion irradiation, and
not directly from specimen size. The changes in the glassy structure resulting from
high-energy ion bombardment coerce the MG into a new state that facilitates an
entirely distinct mechanism for accommodating plasticity via quasi-homogeneous flow
at room temperature. However, this altered state is reversed by annealing below Tg,
which induces structural relaxation and returns the MG to a brittle state. The notion
of structural changes leading to very different underlying atomic mechanisms and
ensuing mechanical responses in glasses, initiated by ion irradiation and reversed by
thermal processing, suggests new strategies for controlling the ductility of metallic
glasses by suppressing shear band formation. This result mirrors observations of
tunable mechanical response in bulk specimens and points to a potentially wider range
of achievable response due to reduced dimensionality.
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3.1. Nanowire Tensile Response
To gain direct and quantitative insight on the mechanical response and defor-
mation morphology of our MG nanowires, we performed in situ tensile testing of
individual nanowires at room temperature in a controlled loading geometry. Tensile
stress-strain curves for molded nanowires are shown in Figure 3.1a (left panel) The
representative tensile behavior for the as-molded nanowires involves linear elastic
response until final fracture at strengths of 1.6± 0.4 GPa (bulk strength, 1.4 GPa)134,
which occurred without any detectable signs of gross plastic flow. Specifically, the
mechanical behavior was characteristically brittle despite the relatively large range of
elastic strain, which is common in MGs273. The measured tensile response corrobo-
rated the fracture morphology, which always occurred heterogeneously (in a localized
manner) at angles near 50◦ with respect to the tensile axis Figure 3.1b, as is consistent
with a pressure augmented shear stress failure criterion282. As the cross-sectional
areas were fairly constant over the tested lengths of the nanowires, fracture was found
to occur at apparently random locations along the gage length, with no correlation
between fracture location and strength. Our measurements of brittle tensile response
in combination with observations of shear-localized fracture are consistent with the
typical tensile response of macroscopic MGs specimens10, wherein heterogeneous
failure driven by shear banding is the predominant deformation mode. However, both
our compressive and tensile measurements starkly contrast with numerous reports
of homogeneous plastic flow in submicron MG specimens, which in all cases were
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prepared by FIB milling
We then considered the role of ion irradiation in preparing micro- and nano-
scaled specimens. High-energy ion irradiation is known to impart structural changes
in amorphous metals242, 255, leading to measurable changes in mechanical behavior
and shear band-mediated plastic response242, 250 This is particularly true in micro-
and nanoscale volumes, where the fraction of material altered by ion irradiation is
necessarily large. Therefore, we subjected our nano-molded and mounted tensile
specimens to ion irradiation in situ in a central portion of the gage section. A key
advantage of these experiments is direct comparison of the mechanical response and
plastic morphology of irradiated MGs to pristine nanowires of the same material
and dimensions. The nanowires were subjected to focused Ga+ ion irradiation at
30 kV (incident angle 38◦ with respect to tensile axis) and ion doses varying from
approximately 100−300 ions/nm2 over a region approximately 1µm in length. The tensile
response is shown in Figure 3.1a (central panel). The measured mechanical behavior
was markedly different from the as-molded nanowires, as characterized by clear plastic
yielding and inelastic response. In addition to large proportional limits, post-yielding
strains were measured to be as large as ∼2%. In one case, measurable apparent
strain hardening occurred, with yielding occurring at 1.7 GPa and a subsequent
fracture stress exceeding 2.5 GPa (green curve in Figure 3.1a). While apparent strain
hardening has been previously measured and argued on the basis of a sampling of shear
band nucleation sites with increasing strength as deformation increases (i.e. extreme
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statistics)273, other ion irradiated nanowires that we tested did not demonstrate such
strain hardening. Nevertheless, the measurements of tensile ductility clearly contrast
with the brittle response of as-molded nanowires. Most surprisingly, the fractured
regions of the ion irradiated specimens (Figure 3.1c,d) demonstrated copious plastic
flow as shown by thinning of the cross-section down to a fine point. Fracture always
occurred in the irradiated section, presumably due to smaller cross-sectional areas
resulting from removal of material in these regions via ion sputtering. Transmission
electron microscopy images of the fractured regions (Figure 3.1d,f) confirm that plastic
flow occurs over an extended region along the length of the irradiated region (i.e. quasi-
homogeneously), often causing profuse necking down to a tip with a radius of ∼5 nm.
Both fractured ends of the ion irradiated specimens exhibit such morphology along
the entire width of the specimen, which indicates a plastic deformation mechanism
distinct from heterogeneous shear banding.
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Figure 3.1: (a), Representative stress strain curves obtained from in situ tensile testing
of as-molded, focused Ga+ ion irradiated, and irradiated and annealed (T=0.96Tg)
nanowires with diameters ranging from ∼100-150 nm. Ion irradiation induces changes
to the material allowing for tensile ductility, in contrast to the brittle response
measured in all as-molded nanowires. Upon annealing irradiated nanowires below Tg,
subsequent tensile testing shows a return to the brittle state, suggesting the mechanical
response may be tunable. The measured mechanical response is supported by different
morphology for the different preparation conditions, shown in SEM images for: (b),
as-molded, (c), ion-irradiated, and (e), irradiated and annealed fractured nanowires.
(d), TEM image of deformed ion-irradiated nanowire, showing clear evidence of plastic
flow in the irradiated region. (e), TEM image of the fracture site in a MG nanowire
subjected to focused Ga+ ion irradiation at a dose of 305 ions/nm2 showing ductile
morphology following tensile testing. (g), high resolution TEM image showing heavily
deformed ductile zone of fracture surface. No evidence of crystallization is observed, as
confirmed by the FFT of the image (inset), suggesting that ductility is accommodated
entirely by structural changes to the glass.
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3.1.1. Role of Fracture Location
During the testing process, measures were taken to ensure a consistent loading
geometry. While the common dog-bone geometry used in macro-scale samples was
not employed, steps were taken to mitigate stress concentrations at the grips. There
are two effects that mitigate such stress concentrations and add confidence to our
experimental results. First, the nanoporous templates used for the molding process
naturally result in slightly larger pore openings near the free surfaces, leading to slightly
larger wire diameters (∼10% larger) near the ends upon etching of the template. As
our manipulation procedures allows for accurate placement of the grips, we ensure
proper placement of the uniform section of the nanowire to define the tensile gage
section. Second, the electron-beam induced deposition of Pt-based grips generally
results in slightly diffuse edges; a consequence of the Gaussian profile of the electron
beam and finite mobility of the deposition species. As a result, or nanowire tensile
specimens have a natural fillet geometry that minimizes stress concentrations near
the gripping surfaces.
Nevertheless, we have taken steps to ensure the accuracy of our results and have
analyzed the fracture sites as a function of measured fracture strength, as fracture
near the grip could be a result of a stress concentration, lowering the apparent fracture
strength of the specimen. Figure 3.2 shows a map of fracture strength as a function
of size for the as-molded nanowires (with no dog-bone geometry), with the coloring
denoting the fracture location. There does not appear to be any correlation between
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the measured strength and the fracture site, suggesting that any degree of stress
concentration near the grip is insufficient to control fracture (Figure 3.2). That the
fracture sites are distributed at seemingly random locations along the wire length is
expected for a brittle material where fracture is described stochastically.
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Figure 3.2: Nanowire fracture strengths are group by fracture location. No difference
in strength is found between nanowires that fractured in the center, off-center, or the
grip.
3.2. Discsussion
These experimental results imply that indeed the mechanical response, ductility,
and ensuing plastic failure mode can be reversibly transformed by way of structural
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changes to the glass; a departure from recent reports claiming that size alone is
responsible for such transitions. High-energy ion irradiation leads to measurable
tensile ductility and quasi-homogeneous plastic flow, while subsequent sub-Tg an-
nealing induces structural relaxation, returning the glass to a brittle state. The
effect of fabrication methods and annealing on the MGs’ plasticity, which has been
correlated with Poisson’s ratio (and accordingly G/B), has been observed in bending
and compression geometries134, 142, 283, but never for tensile ductility. Our findings
indicate dramatic changes in the structure, beyond a mere reduction in shear local-
ization tendency, to a liquid-like structure284, 285 in the irradiated MG. The salient
implications of our findings are twofold. First, interpretation of recent reports of a
transition between heterogeneous (shear banding) and homogeneous plastic flow in
MGs with specimen sizes below several hundred nanometers is complicated by the
influence of ion irradiation during specimen fabrication and is likely not representative
of the as-cast structural state of the glass. The prevailing view supporting exper-
imental observations of the suppression of shear localization in submicron MGs is
that small volumes do not release sufficient elastic strain energy during shear banding
to counter the energy penalty of shear disordering (analogous to Griffith theory for
crack propagation). In this framework, the critical stress for shear band propagation
can be derived to be σ =
√
23/2ΓE/L, where Γ is the shear band energy associated
with atomic disordering within the small band, E is the Young’s modulus, and L
is the specimen length265. Comparing reports of transitions in plastic deformation
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mode in FIB-made pillars250, 265–267, 269, 270, 272, 286–288 with our as-molded nanowires
via the Griffith-like prediction for the onset of homogeneous flow (using the reported
flow strengths and elastic moduli, and assuming a maximum shear disordering strain
of unity and a 10 nm shear band thickness10), the observed deformation modes are
consistent with this theoretical prediction (Figure 3.3a). However, our ion irradiated
nanowires displaying tensile ductility and homogeneous flow (open green symbols)
show behavior contrary to this prediction, well into the regime where heterogeneous
behavior is predicted. Furthermore, changes to E and Γ owing to ion irradiation would
likely lower the threshold for shear banding. Therefore, our experiments suggest a
distinct mechanism for accommodating plastic flow.
Both liquids and glasses lack long-range structural order, yet liquids differ in
their capacity for facile flow. Whereas cooling rates of bulk MGs sufficiently rapid to
retain vestiges of the liquid state (known to suppress shear localization in deformed
amorphous Si at room temperature285) are difficult to attain, ion irradiation of
nanoscale volumes could introduce a substantial fraction of liquid-like states284, 285 that
facilitate homogeneous plastic flow. At ion accelerating energies of approximately 30
kV, the penetration depth of ions was estimated to be approximately 9 nm (compared
to 5 nm for glancing ion incidence for pillar fabrication) based on simulations of ion
range (see Methods 2.2). Thus, the resulting volume fraction of structurally modified
glass would scale with specimen diameter. Provided a structural change leading to a
more liquid-like state in our irradiated MGs, the requisite structural contrast between
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Figure 3.3: (a), Deformation mechanism map giving normalized metric for energy of
shear band propagation vs. specimen length for our measurements (green symbols)
and various metallic glass small scale experiments250, 265–267, 269, 270, 272, 286–288, shown
in comparison to the prediction of a size-dependent transition to homogeneous flow265.
See text for details. While this theory predicts the transition for previous reports
(homogeneous flow shown as open symbols), it fails to describe the tensile ductility
observed in our ion irradiated molded nanowires (open green symbols), suggesting a
distinct mechanism for accommodating plastic flow. Literature values are estimated
by the mean stress for each deformation mode, and lower and upper limits for the
length of specimens showing heterogeneous and homogeneous flow, respectively. (b),
Measured strength of MG nanowires as a function of size, (c), surface area, and (d),
volume. Closed, open, and partially filled symbols represent as-molded, ion irradiated,
and irradiated and subsequently annealed (below Tg) nanowires, respectively. Fracture
strength is plotted for nanowires showing brittle response (as-molded and irradiated and
annealed), while 0.2% offset yield strength is shown for ductile nanowires (irradiated).
No clear size effect is measured beyond the experimental uncertainty over the tested
range, irrespective of the processing condition. Colors of irradiated, and irradiated
and annealed data points in (b-d) correspond to those used in the stress strain curves
of Figure 3.1a.
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the parent glass and the shear disordering occurring during a localization event would
diminish. Thus, plastic flow would manifest more homogeneously, even at testing
temperatures below Tg.
3.3. Conclusion
This chapter demonstrates that accurate deconvolution of any true size scale
effects with those from irradiation during specimen fabrication requires pristine MG
specimens with nanoscale dimensions. For instance, incorporation of Ga into the
surface of testing samples would cause local changes to chemistry, which could affect
the mechanical response. However, the clear transitions in deformation mechanisms
and concomitant mechanical behavior following annealing of our irradiated nanowires
back that measured in as-molded specimens following both irradiation and annealing
suggests that chemical changes are not sufficient to preclude structural relaxation.
Our findings evoke a second key implication. Namely, these insights provide a
potential avenue for the design of ductile and tough amorphous metals. In contrast to
crystalline metals, where strength and toughness often are sacrificed for one another,
glassy materials maintain high strength even in their ductile states. As shown in
Figure 3.3, neither ion irradiation nor annealing changes the strength of the nanowires
beyond the uncertainty of our measurements. Moreover, no clear size, surface area, or
volume dependence of strength occurs (Figure 3.3). In contrast to previous research
that suggests the utilization of nanosize length scales in a MG microstructure as a
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design tool to achieve tensile ductility, our findings suggest that such ductility can
be achieved through structural modifications towards a more liquid-like structure.
The present technique is potentially a powerful approach to generate ductility in
nano and micron size MG samples and device features, accessible by a variety of
established processing schemes in addition to the one presented herein (e.g. vapor
deposition, electrochemical deposition, plastic deformation-mediated thinning). Due
to the limited depth penetration of ion implantation, modifying the structure of MGs
to more liquid-like in bulk samples would require novel processing techniques such as
severe plastic deformation289, shot peening230, or innovative approaches that would
resemble the effects of high cooling rates. Such developments of efficient and economic
techniques to achieve tensile ductility in bulk samples may become central to the
widespread use of MGs in structural settings.
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Chapter 4
Systematic Study of Ion Irradiation
Portions of this chapter have been reproduced with permission from Acta Materialia,
Volume 74, Page 165 (Copyright 2014 Elsevier).
In the previous chapter, ion irradiation and annealing were demonstrated as
effective methods to tune the tensile response in MG nanostructures. In the following
chapter we report an in depth study of the effects of ion irradiation on the structure
and mechanical response of Pt-based MG nanowires. By systematically varying the
irradiated volume fraction and ion fluence, a transition from originally brittle-like to
ductile-like tensile behavior was measured, a direct result of changes to the structural
state of the glass. Above a threshold of ion fluence and irradiated volume fraction,
the plastic response was characterized as more ductile, deformation became quasi-
homogeneous and a reduction in yield stress was measured. The observed increase
in ductility and reduction in yield stress are understood by changes in the fictive
temperature of the MG caused by ion irradiation. Finally, we present a unified model
for the scaling of yield strengths in MGs that is capable of describing the variety of
structural states available
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4.1. Structural Characterization of Irradiated Nanowires
To verify that the nanowires remained fully amorphous and to attempt obser-
vations of changes in structure, irradiated wires are examined via TEM. Figure 4.1
shows diffraction patterns of as-molded nanowires and irradiated nanowires for two
different ion fluences. No crystal diffraction spots are observed in the unirradiated or
irradiated diffraction patterns, indicating an amorphous structure. However, subtle
changes in the second diffuse scattering ring are observed. The integrated intensities
and corresponding difference curves (Figure 4.1e, f) show that the wires irradiated at
123 ions/nm2 and 221 ions/nm2 undergo a structural change which induces a detectable
change in the second ring. Before irradiation the second diffraction ring is relatively
broad (Figure 4.1a, c) and shows signs of splitting as evidenced by the integrated
intensities (Figure 4.1e,f). After irradiation, peak splitting is no longer detectable in
the second diffraction ring. This subtle change may be indicative of changes in the
mid-range order and point to a more liquid like structure as corroborated by recent
MD simulations showing reductions of icosahedral cluster populations owing to ion
irradiation243; however, systematic quantification proved challenging.
Results from atom probe analysis of nanowires in the as-molded state give a
composition of Pt56.0Cu16.7Ni7.3P20.0, which agrees very well with the composition of
the starting MG materials, confirming that the molding process does not significantly
alter the composition of the resulting nanowires. Analysis from both the irradiated
and irradiated plus annealed state indicate that there is a measurable decrease in the
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Ga content beneath the surface of the wires after annealing. For the volumes analyzed,
the total amount of Ga found 15-30 nm below the surface was 2.0±0.4 at.% before
annealing and 0.25±0.05 at.% after annealing. As previously discussed, these values
represent upper limits of the Ga concentration (relative to irradiated tensile specimens)
owing to the preparation of atom probe tips. The ends of the wires prepared for
atom probe had been trimmed with the 30 kV ion beam, thus the ion implantation
profile is expected to be close to equilibrium290. However, since the exact equilibrium
shape is unknown, we cannot quantify the precise Ga dose or account for variations
Figure 4.1: Selected area TEM diffraction patterns of nanowires irradiated at different
ion fluences. (a) and (c) show diffraction patterns from two individual wires before
irradiating. (b) shows a diffraction pattern of the wire in (a) after irradiated at 123
ions/nm2, (d) shows a diffraction pattern of the wire in (c) after irradiated at 221 ions/nm2.
In all patterns, no obvious crystal diffraction spots are observed. (e) and (f) show
integrated intensity profiles of the second peak for patterns (a) and (b), and (c) and
(d) respectively with the difference between the two patterns shown. The intensities
are normalized by the intensity of the first peak and offset for clarity.
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in dose from wire to wire due to differences in sample preparation. Therefore, it is
not possible to precisely quantify the reduction in Ga concentration for the nanowires
used for mechanical testing. Nevertheless, we are able to qualitatively confirm that
the Ga concentration in the sub-surface regions is reduced after annealing.
4.2. Tensile Response of Irradiated Nanowires
Whereas any major structural changes are virtually undetectable by the scattering
methods used here and the extent of Ga incorporation was shown to be minimal,
the amorphous structure was retained following all ion irradiation treatments and
clear changes in mechanical response were measured as a function of the different
irradiation treatments. Figure 4.2 shows representative stress-strain curves of MG
nanowires irradiated at 5 kV and 30 kV for diameters ranging from 100 to 160 nm.
We first describe our reference behavior, which is that of the as-molded nanowire,
which shows linear elastic loading followed by abrupt failure. This is characteristic of
metallic glasses tested in tension at room temperature11. In contrast, the irradiated
nanowires show an increasing amount of plastic strain and decrease in the apparent
yield stress (as defined as the stress at which the response clearly deviates from linear
elasticity) as the ion fluence is increased. These general trends appear to be relatively
insensitive to the ion accelerating voltage (and thus the irradiated volume fraction),
as shown for the stress strain curves corresponding to 5 kV (Figure 4.2a) and 30 kV
(Figure 4.2b). We note that the appearance of inelasticity occurs at relatively low ion
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fluence levels (∼30 ions/nm2) for both accelerating voltages. The nanowires irradiated
at 30 kV (and to a lesser extent those irradiated at 5 kV) show significant scatter in
the apparent Young’s moduli, which we attribute to the compliance of the gripping
materials that contributes to the measured strain279. While the DIC techniques
used to measure strain yield a noise floor (∆ε) of ∼4×10−4, the strain is measured
from markers placed on the grips. Thus the strain measured is the total strain in
the nanowire-EBID grip system. Using the elastic modulus of the bulk allow134, we
estimate the nanowire stiffness to be within an order of magnitude of the EBID grip
stiffness. Therefore, the uncertainty in any modulus measurement is roughly 10 to 20%
from the grip compliance alone279. This uncertainty is typically greater than that due
to other factors (i.e. force and cross section measurement) and is much higher than
the expected change in modulus due to modification of the glass structural state151.
Thus, despite the reported correlation between glass structure and elastic modulus
that supports our observations of lower modulus with increasing ion damage, the
resolution and scatter of our elastic modulus measurements prove inconclusive.
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Figure 4.2: Representative stress-strain curves for nanowires irradiated at (a) 5 kV
and (b) 30 kV and increasing ion fluences.
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4.2.1. Effect of Ion Irradiation on Tensile Ductility and Yield Strength
To systematically demonstrate the effect of ion fluence and irradiated volume
fraction on the amount of plastic deformation observed, we compile a deformation
mechanisms map showing both the plastic strain normalized by the total strain to
failure (color) as well as the failure mode as a function of ion fluence and irradiated
volume fraction (Figure 4.3a). In the map, triangles indicate failure characterized
by shear banding. The circles indicate wires whose deformation was characterized
as ductile (quasi-homogeneous). The diamonds indicate nanowires which failed in a
mode which was neither a shear band nor ductile which we describe as “intermediate.”
The type of deformation is determined based on the force-time curves and images of
the fracture surface that showed a diversity of morphologies as shown in Figure 4.3b-d.
Representative and normalized force time curves are shown alongside corresponding
fracture morphologies to facilitate comparison between the different deformation modes.
The brittle-like mode with signature shear band-mediated failure is characterized by a
force-time curve with a constant slope up until failure (black curve in Figure 4.3b) and
a sharp angled fracture surface indicative of a shear band. In contrast, the ductile-like
mode is indicated by a clear change in slope of the force-time curve (yellow curve in
Figure 4.3d) before failure and a fracture surface that shows clear evidence of plastic
deformation (e.g. rounding of the fractured edges). The “intermediate” mode is
characterized by a less distinct change in slope of the force-time curve (as indicated by
the deviation of the red curve in Figure 4.3c from the dashed blue line) and fracture
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surfaces that can not clearly be delineated as shear band-mediated or ductile; rather,
they show signatures of both behavior simultaneously.
Figure 4.3: (a) Deformation map showing the influence of ion fluence and irradiated
volume fraction on amount of plastic strain. The plastic strain is normalized by the
total strain to account for differences in grip compliance. The dashed lines are to guide
the eye to the transition between deformation regimes. (b-d) show typical force-time
curves and fracture morphologies for the shear band, intermediate, and ductile type
deformation respectively. The force-time curves are normalized by the maximum force,
which is indicated on the plot, and time at failure in order to facilitate comparison of
the different deformation modes. The colors of the curves match the color scale of (a)
marking the approximate extent of plastic strain.
The deformation map for plastic strain shows two trends. First, there is a clear
trend in the mode of deformation (indicated by the data marker symbol type in
Figure 4.3). At low ion fluence and irradiated volume fraction, the deformation mode
is characterized as shear band-mediated similar to the as-molded case. At high ion
fluences and irradiated volume fractions, the deformation mode is characterized as
ductile . Between the shear band and ductile regimes an intermediate regime is
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observed. In this region, some plastic deformation is detected but the fracture surface
is not clearly a shear band or ductile mode. The dashed lines in the Figure 4.3 show
the transition between the deformation modes.
The other trend apparent in our data is a general increase in the amount of
plastic deformation with increasing ion fluence and irradiated volume fraction. Unlike
the transition in deformation mode, the correlation between plastic strain and ion
irradiation conditions is not as pronounced. Some nanowires characterized as inter-
mediate showed more plastic deformation than nanowires characterized as ductile.
These observations suggest that the extent of ductility in a glass, much like that in
crystalline materials, is not a deterministic parameter and instead is governed by the
stochastic nature of local inelastic rearrangements (e.g. STZs) and the evolution of
plastic damage in disordered materials.
Similar to the amount of measured plastic deformation, the decrease in yield stress
shows a trend with ion fluence and irradiated volume fraction, as shown in the yield
stress deformation map of Figure 4.4. At low ion fluence and irradiated volume fraction,
the yield stress is similar to the previously reported mean yield stress of 1.6 GPa for
the as molded Pt-glass nanowires259. As the ion fluence and irradiated volume fraction
increase, a decrease in yield stress is observed. To determine the predominant factor,
irradiated volume fraction or ion fluence, linked to changes in yield stress, we examined
the correlations individually as shown in Figure 4.4b and c. The plot of yield stress
versus irradiated volume fraction (Figure 4.4b) shows no clear correlation in the range
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of volume fractions sampled. The plot of yield stress versus ion fluence (Figure 4.4c),
however, shows a trend towards decreasing yield stress with increasing ion fluence.
A linear fit is shown in Figure 4.4c to emphasize the trend towards lower strength.
In addition, the linear fit shows good agreement with the as-molded strength. From
these analyses, it is clear that ion fluence (thus, extent of displacement damage) plays
the dominant role in changing glass structure and concomitant mechanical behavior
in our study despite the difference in ion energies (and hence range). The importance
of extent of damage is further bolstered by measurements of the tensile behavior of
ion-irradiated nanowires subsequently subjected to structural relaxation annealing.
Five irradiated wires, subjected to ion fluences between 115 and 145 ions/nm2, were
administered structural relaxation annealing before measuring the tensile response.
The yield strength of the irradiated and annealed samples returned to the yield strength
of the as-molded level or even higher as shown by the open symbols in Figure 4.4c.
The insensitivity to irradiated volume fraction over the range studied can be
reconciled by considering the distribution of damage created by ions at different
accelerating voltages. Despite the different damage distributions, the peak damage
occurred within 5 nm of the surface irrespective of ion accelerating voltage (Figure 2.6c).
Nevertheless, it is interesting to note that substantial differences in mechanical behavior
can be detected even with irradiated volume fractions as small as 2%. Taken as a
whole, the yield strength changes measured as a result of ion irradiation (decreasing
strength) and subsequent annealing (increasing strength) suggest the ability of our
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treatments to strongly modify the glass structure so as to manifest as substantial
changes in the plastic behavior of our nanowires. In the sections that follow, we
discuss this correlation between glass structure and mechanical strength and propose
a universal model capable of predicting the yield strength of a metallic glass across a
wide range of structural states.
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Figure 4.4: (a) Deformation map showing the influence of ion fluence and irradiated
volume fraction on yield stress. The dashed lines are to guide the eye to the transition
between deformation regimes. (b) Yield stress plotted versus irradiated volume
fraction. No clear trend with irradiated volume fraction is observed. (c) Yield stress as
a function of ion fluence. The average yield stress of the as-cast nanowires is indicated
by the green triangle. Closed circles represent irradiated nanowires while open circles
represent irradiated nanowires subjected to a relaxation anneal. Yield stress appears
to decrease linearly with increasing ion fluence. The horizontal line indicates the
as-molded yield stress and the sloped line is the linear fit used to determine decrease
in yield stress. For (b) and (c) the error bars for the unirradiated state are the
standard deviation of 10 tensile tests while the error bars for the irradiated and
irradiate+annealed states are estimated errors based on experimental uncertainty.
Error estimates for ion fluence are also included in (c) based on the measured ion
beam current standard deviation of 1 pA.
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4.3. Discussion
4.3.1. Size-Independent Transition in Plastic Deformation Owing to Ion
Irradiation
In order to more clearly highlight the differences in glass structure and the
corresponding effect on strength, we also show the measured strength grouped by
treatment in Figure 4.5. In Figure 4.5, the average strength of the as-molded, heavily
irradiated, and irradiated and subsequently annealed samples are shown as a bar
with an error bar corresponding to the standard deviation of the group. Here, the
heavily irradiated condition is considered to be top third of the ion fluences used,
which corresponds to ion fluences greater than 200 ions/nm2. As previously reported,
the as-molded nanowires showed a mean yield strength of 1.6±0.4 GPa259. The mean
yield strength and standard deviation of the heavily irradiated and irradiated then
annealed groups are 1.25±0.2 GPa and 1.8±0.26 GPa respectively. This strongly
indicates that the behavior of the heavily irradiated samples is distinctly different
than that of the as-molded and irradiated then annealed samples. We note that the
apparent trend in strength as a function of ion fluence contains a stochastic character,
which is presumably due to the probabilistic nature of the ion collision cascade process.
Indeed, atomistic simulations on ion irradiated metallic glasses243 suggest a more
deterministic relationship between yield strength and potential energy per atom, which
is unfortunately not easily measured in our experiments
To explain the observed changes in mechanical behavior of our MG nanowires,
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Figure 4.5: Direct comparison of the effect of different Ga ion treatments on the average
measured strength. Here, the as-molded strength (1.6 GPa) is directly compared to the
highest third of ion fluences employed (1.25 GPa) and the irradiated and subsequently
annealed treatments (1.8 GPa). The error bars are the standard deviation of each
treatment group. This comparison emphasizes the significant decrease in strength due
to ion irradiation and the subsequent recovery due to relaxation annealing.
we consider glass parameters that could contribute to our experimentally measured
increases in ductility and decreases in yield stress. Possible factors could include
changes in structure, chemistry, free volume, or corresponding elastic constants.
However, detecting site-specific structural changes in our nanowires through electron
diffraction have proven to be elusive due to limited resolution. Measuring changes in
free volume in an irradiated nanowire would be similarly challenging. Free volume
is often directly measured through positron annihilation spectroscopy. Yet the high
energies and large spot sizes are mainly suited for probing bulk structures and not
single nanowires291. Other possible metrics for evaluating irradiation induced changes
in the glass are the elastic properties. While high Poisson’s ratio (or low µ/B) is
often associated with more ductile metallic glasses, recent work by Kumar et al.
has shown the elastic properties to be insensitive to different structural states as
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evidenced by measurements of fictive temperature Tf
91, 151, 283. Yet glasses prepared in
different structural states show a transition from brittle to extended plastic behavior,
casting doubt on the use of Poisson’s ratio alone as a predictive metric for ductility.
Furthermore, the changes in elastic properties demonstrated by Kumar et al. are
small compared to the resolution of our nanoscale experiments91, 151. We thus focus
our attention on other glass parameters with known sensitivity to glass processing
and, correspondingly, structural state, which may explain the dramatic changes in
plastic response that we have measured.
4.3.2. Effect of Ga Implantation on the Observed Mechanical Response
From the atom probe results, it is clear that a non negligible amount of Ga
is incorporated in the nanowire during irradiation. In the irradiated wire, up to
2 at.% Ga was observed. However, it is important to note that this concentration
was measured in the near surface region where the wire was cut using the focused ion
beam. As a result this concentration may be taken as an approximate upper limit
of Ga incorporation. Yet at all fluence levels, dilute Ga will be incorporated into
the nanowires. Therefore, the possible effect of Ga on the mechanical properties is
considered here.
Ga incorporation may alter the observed mechanical response through several
mechanisms: induced residual stresses, compositional effects, or the formation of
a composite structure. Ion implantation leads to structural damage from collision
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cascades, but could also induce residual stress, with a gradient resulting from the ion
range distribution. Recently the effect of residual stress on the observed mechanical
response of MGs was studied via shot-peening230. While shot peening could result in
large compressive residual stresses at the surface, the measured yield stress was not
significantly changed relative to unpeened samples. This contrasts with our results
showing substantial and recoverable reductions in yield strength, which we thus ascribe
to structural changes in the glass.
With regards to chemical shifts from ion implantation, results from literature also
suggest that small compositional changes should not significantly affect the properties
of the Pt-based glass employed in this study292. Over a range of Pt compositions
between 42.5 and 60 at.%, Tg and Vickers hardness showed only small changes of
less than 3% and with composition. As a result, the substantial changes in both
tensile ductility and yield strength measured in our irradiated nanowires are not
commensurate with differences tied to the inclusion of small amounts of Ga and thus
minor chemical shifts. The impact of residual stresses and composition is likely further
diluted by the relatively small affected volume in the nanowire. In this work, the
largest irradiated volume fraction was less than 10%. As a result the majority of the
nanowire is unaffected by irradiation, yet the net mechanical response significantly
changes.
Finally, it is conceivable that the irradiation process may create a composite
structure consisting of a rejuvenated skin and a largely unaffected core. We believe
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that both our measured yield strength and the plastic deformation mode is largely
controlled by the irradiated volume of the specimen, whereas the measurement of
ductility only weakly so. We hypothesize a mechanistic view of this as follows. First,
ion irradiation clearly leads to softening of the material. Therefore, the ion-damaged
region is likely to commence yielding before the undamaged core thereby controlling
the measured yield point. Upon yield, the previously supported load is relaxed in
the irradiated region due to plastic deformation and the majority of load bearing
must now be borne by the core, which has a smaller cross-sectional area. Thus the
stress rises rapidly in the core. Provided this increase in stress exceeds the elastic
limit of the as-molded value, this event likely gives rise to yielding of the core that
follows in rapid succession. As a result, we believe it is reasonable to assume that our
measurements of yield stress are predominately governed by the damaged zone of our
irradiated specimens. This picture is supported by simulations of ion irradiation and
mechanical properties in MGs243 where ion collisions near the surface create a damage
gradient from the surface to the core. This ion damage was also associated with a
reduction in strength in excellent agreement with our results.
In contrast, the quasi-isostrain configuration makes interpretation of ductility in
such a composite structure complex. Plastic strain must be accommodated in both
the rejuvenated skin and the unaffected core. Therefore, the achievable plastic strain
is controlled by both regions. However the undamaged core region is more susceptible
to plastic instabilities or fracture, as shown by the brittle failure we observed in
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as-molded nanowires, which likely dominate the failure strain. Taken as a whole, we
conclude that the measured changes from ion irradiation are primarily due to changes
in glassy structural state, as quantified by fictive temperature, and not due to stress
or compositional effects.
4.3.3. Effects of Ion Irradiation on Atomic Structure
In contrast with crystalline materials where irradiation damage produces ob-
servable defect structures97, the atomic effects of irradiation in metallic glasses are
generally difficult to experimentally observe. Thus, MD investigations, whose intrinsic
timescale closely matches that of ion interactions, have been employed to further the
understanding of atomic scale structural effects. Collectively, these MD simulations
observed increased volume and distortion of atomic packing configurations, resulting
in fewer ideal icosahedral packings, as a result of simulated ion irradiation242–248.
Critically, recent work by Baumer and Demkowicz shed light on the mechanisms of
irradiation induced structural modification246, 247. Specifically, a damage zone, extend-
ing beyond regions of both primary and secondary knock-on events, was observed by
considering the local temperature during irradiation. Here, regions that were rapidly
heated above Tg as a consequence of ion interactions then quenched to the thermostat
temperature were observed and described as “super-quenched zones” with high fictive
temperature246, 247. Finally, comparison with uniform liquids subjected to comparable
quench rates demonstrated an equivalence between the effects of ion irradiation and
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extreme quench rates in terms of density and potential energy242, 246, 247.
4.3.4. Revisiting Kinetic and Thermal Phenomena in Amorphous Ma-
terials Below the Glass Transition
We consider kinetic and thermodynamic physical properties of MGs, namely,
glass transition and fictive temperatures, respectively, as descriptors of structural
state and thus changes in mechanical behavior. We begin our discussion by briefly
reviewing the conceptual notions and experimental considerations that underlie the use
of glass transition and fictive temperatures to connect to inelastic mechanical behavior.
The glass transition is a kinetic phenomenon293, 294. As the liquid is quenched (or
the solid is heated), a temperature – the glass transition temperature – is reached
where structural relaxation times are on the order of ∼100 seconds as the material
transitions from supercooled liquid to a kinetically frozen glass (or vice versa)37, 293.
Measurements of Tg are often performed using calorimetric means, with Tg depending
on the cooling or heating rate used to make the measurement. Higher cooling rates
result in higher Tg, but orders of magnitude changes in rate produce relatively small
changes in Tg
82. However, asymmetric cooling and heating (i.e. cooling faster than
heating) results in a different measured Tg on heating versus cooling. As a result, to
obtain a consistent and reproducible Tg, the glass should be cooled and heated at the
same rate and as close to equilibrium as possible while still avoiding crystallization293.
For experimental practicality, within the metallic glass community Tg is typically
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reported on heating at approximately 20 K/min.
In addition to the effect of cooling rate, small changes in Tg can be induced through
processing treatments such as annealing. For instance, changes in the glass transition
due to aging of a MG can be measured144, 155, 295. Aging a MG at temperatures below
Tg has been shown to relax the structure, reducing the free energy and free volume.
Changes to Tg due to aging are typically less than 10 K even for complete relaxation
of the glass, although the amount varies for different glass compositions144, 155, 295.
Mechanical treatments such as severe plastic deformation have also been reported to
have little effect on Tg despite reports of large changes in hardness, elastic modulus,
and calorimetrically measured exothermic peaks prior to the glass transition50, 198.
Whereas Tg is insensitive to cooling rate, annealing, and severe plastic deformation
treatment, Tf can be widely varied
86, 88–90. In contrast to Tg, the fictive temperature is
a thermodynamic variable describing the temperature at which the kinetically frozen
structure would be at equilibrium with the liquid87, and is qualitatively related to
structural descriptors like free volume294. A given fictive temperature does not specify
a unique glass structure; rather many possible structures may result in the same
observed fictive temperature296. Importantly, Tf can be greater than or less than
Tg and varied semi-independently of the Tg. While Tg typically changes <10 K for
a fully relaxed glass, the fictive temperature has been observed to change by more
than 20 K for shorter relaxation times86. Hyperquenching oxide glasses has also
resulted in glasses with Tf as high as 1.22Tg. Yet, Tg has been reported to change
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little after relaxing the quenched glass89. Finally, the large excess enthalpies observed
in glasses subjected to HPT indicates a high fictive temperature yet Tg was observed
to be invariant50, 198. These results collectively point to Tf as a much more sensitive
predictor of the structural state of a given glass as supported by systematic calorimetric
measurements in the literature81, 297, which suggests a correlation between Tf and
the concentration of flow defects297. In the discussions and analysis that follow, we
assume Tg to be relatively constant for our metallic glass experiments and attribute
the observed change in material response owing to ion irradiation and subsequent
structural relaxation annealing to changes in structural state as reflected in Tf .
4.3.5. Correlations between Tf and Plastic Deformation, and Tg and
Yield Strength
We next examine correlations between the thermodynamic and kinetic properties
of a metallic glass with its mechanical behavior. A recent report by Kumar et al. showed
that increasing Tf in several MGs increased the capacity for plastic deformation in
bending91. Thus, the increase in plastic deformation that we measured could similarly
be justified through an increase in Tf due to ion irradiation. Analogously, the increase
in tensile ductility could be attributed to an increase in liquid-like states or higher free
volume298, 299. In the case of yield strength, the observed changes could be rationalized
through changes in Tg as recently proposed. Yang and Liu reported unified predictions
of yield stress entirely as a function of a given MG’s molar volume and Tg − To, where
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To  Tg is the testing temperature (the details of this prediction will be presented
in greater detail in the following analysis)14, 15. Briefly, a glass with a higher Tg or
lower molar volume would be expected to exhibit a higher yield strength (and elastic
modulus). Based on this prediction, we can examine the effect that irradiation has on
the expected change in yield strength of our MG nanowires. Assuming that irradiation
effectively shifts our MG along Yang et al.’s universal scaling curve, our measured
reductions in yield stress owing to ion irradiation would indicate a decrease in Tg of
∼40 K (changes in molar volume are estimated to be negligible). Such a reduction
of Tg estimated by this yield stress prediction is opposite what one would expect for
a more ductile glass. Rather, a reduction of Tg indicates a more relaxed glass state
(analogous to a relatively slow cooling rate), which would be expected to be more
brittle in comparison to the as-molded condition. This failing of the unified strength
scaling to describe our experimental results suggests that the structural state of a given
MG system is not described by this relationship. Thus, in order to properly account
for the observed changes in ductility and yield stress, we propose the incorporation of
a structural state descriptor given by Tf , which can capture the processing dependence
of a given MG.
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4.3.6. New Analytical Model for Universal Strength Scaling Dependent
on Glass Structural State
To understand the influence of Tg and Tf on yield strength, we begin by revisiting
the universal MG yield strength predictions presented by Yang and Liu14, 15. Both
models are predicated on equating the change in internal energy as a glass is taken
through the glass transition into the supercooled liquid regime to the work performed
to initiate a mature shear band. Mechanistically, this equality is rooted in the similar
structural signatures associated with local plastic shearing and the glass transition,
wherein dilation and free volume production occur in both cases, as quantified by
decreases in viscosity. Two analytical models have been proposed that result in the
same scaling with subtly different approaches, with Yang’s prediction14 implicitly
assuming a free volume mediated mechanism to formulate their theory. Liu et al.15,
on the other hand, developed their model on simple thermodynamics without recourse
to an assumed deformation mechanism. Despite these differences, the net results and
scaling behavior are equivalent as the latter model recovers the former.
Liu et al. assumed the plastic yield process is volume preserving. Thus the
work done can be written as dW = Vsγ0dτ where Vs is the volume undergoing a
transition due to plastic flow, γ0 is the critical strain for shear instability, and τ is
the applied shear stress15. Furthermore, for a constant volume system, the change in
internal energy can be written as dU = ρVsCvdT . By assuming that the heat released
during yield is much less than the work done by the applied stress (i.e. dQ dW ),
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an expression was derived equating the work done to changes in internal energy
(Equation 4.1)15.
Vsγ0
τy∫
0
dτ = Vs
Tg∫
To<<Tg
ρCvdT (4.1)
The integration bounds represent a transit through the yield point, and equivalently,
from room temperature (To) through the glass transition.
While Liu assumed the Dulong-Petit limit of heat capacity, Yang adopted the
Debye model for heat capacity14, 15. By integrating the Debye heat capacity, the yield
stress was related to the glass molar volume and Tg as
σy ≈
6Nk (Tg − T0)
γ0V
(4.2)
where N is Avagadro’s number, k is Boltzman’s constant, γ0 is the shear disordering
strain which is assumed to be of order unity, and V is the molar volume. This scaling
of yield strength is equivalent to Liu’s prediction15. Such universal scaling between
stress and temperature (and thus viscosity) in a MG and the physics underlying a
stress-induced glass transition is also supported by MD simulations of a Zr-based
MG300.
However, we observe that this prediction does not account for the state in which
the glass is kinetically frozen, which would suggest that a given glass’s yield strength
and capacity for plastic flow at a given temperature is insensitive to the processing
route and thermomechanical history. This is in stark contrast to experimental evidence,
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including ours, showing substantial changes in strength and hardness of a given MG
system in different structural states129, 154, 227, 230. In fact, if we assume a maximum
change in Tg to be ∼10 K, as measured previously in other glass systems144, 155, 295,
we find that the predicted yield stress would change by only ∼70 MPa, which is
inconsistent with our results. Therefore, we propose a revised model, which explicitly
accounts for the wide structural spectrum in which a given MG can exist. Glasses are
well known to store excess enthalpy, with the magnitude of such enthalpy depending on
cooling rate, aging/rejuvenation annealing treatments83, and degree of severe plastic
deformation198. Therefore, by noting that the Tg used as an integration bound is
measured via the consistent measurement method (and is therefore constant), we
include an additional term representing the excess enthalpy with respect to a known
reference state, such as the as-quenched glass, normalized by the molar volume. This
excess enthalpy allows glasses prepared into different states to be distinguished; a
feature not captured in previous unified strength models. Accordingly, we propose a
new yield prediction:
σy ≈ 6Nk
γ0V
(Tg − T0)− ∆Hg−g′
V
(4.3)
where ∆Hg−g′ is the excess enthalpy with respect to a glass reference state such as the
as-quenched glass (g′). The presence of such excess enthalpy would add to the stored
elastic energy during deformation, which is consequently balanced by the internal
energy of the system, and thus could be considered as an excess defect energy. In
our experiments, the defect energy would be incorporated via ion irradiation-induced
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changes in the glass structure and could be reduced through subsequent structural
relaxation annealing as we have performed.
To compare with experimentally tractable properties, we relate this additional
excess enthalpy term to Tf by considering the measurement and analysis of Tf . From
Moynihan et al. Tf is determined according to
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Teq∫
T ′
(Cp − Cpg) dT =
Teq∫
Tf
(Cpl − Cpg) dT (4.4)
where Cp is the measured heat capacity, Cpg is the equilibrium glass heat capacity
extrapolated to high temperatures, Cpl is the equilibrium liquid heat capacity extrap-
olated to low temperatures, T ′ is any temperature well below the glass transition, and
Teq is any temperature well above the glass transition where the heat capacity has
reached its equilibrium liquid value. To obtain an expression for Tf , we adapt the
method described by Yue et al.89, where the left side of Equation 4.4 is simply the
enthalpy difference between the glass state at T ′ and liquid state at Teq (∆Hl−g). From
Adams and Gibbs, Cpl −Cpg is assumed to be constant close to the glass transition301.
Indeed, if we consider the heat capacity difference for the Pt-glass used, Cpl − Cpg
varies by less than 30% over Tg ± 50 K302. Therefore, a simple expression to estimate
Tf can be developed by integrating the right hand side of Equation 4.4 and solving for
Tf (Equation 4.5). Since ∆Hl−g is a measurable quantity, Tf can be estimated from
calorimetric measurements.
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Tf =
−∆Hl−g
Cpl − Cpg + Teq (4.5)
Next, we consider two glasses prepared in different states, denoted a and b.
The two glasses will therefore have distinct ∆Hg−g′ and ∆Hl−g , and consequently a
difference in Tf between the two states can be related to the enthalpy difference of
the two states as given by Equation 4.6.
∆Tf =
∆Ha−b
Cpl − Cpg (4.6)
Taking the difference in yield stress between two states provides the energy
difference between the two states as (Equation 4.7).
∆σy = −∆Ha−b
V
(4.7)
Finally Equation 4.6 and Equation 4.7 are combined to relate the yield stress
difference to a change in fictive temperature (Equation 4.8).
∆Tf =
−∆σyV
(Cpl − Cpg) (4.8)
Here, we have developed this relationship between Tf and yield stress based
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on the assumption that Tf changes to a much larger extent than Tg. However, it is
important to note that this assumption is not central to the expressions developed, as
it is similarly effective to begin with the observation that the unified yield stress models
of Yang and Liu incorrectly predict changes in Tg. Indeed, one could simply add the
excess enthalpy term to (Equation 4.3) where the Tg term is taken to be a known
reference state. In this case, the as-quenched glass state would be the appropriate
choice, and subsequently the fictive temperature changes could be introduced again
using the as-quenched state as the reference. Finally, by equating the enthalpy
differences, we recover Equation 4.8 without considering the relationship between Tg
and Tf , but instead simply comparing all yield stresses and Tf to a known reference
state.
Using Equation 4.8, the changes in Tf due to glass processing, in our experiments
ion irradiation, can be estimated from changes in yield stress. From Figure 4.5, the
yield stress decrease is approximately as ∆σy = −350 MPa based upon the processing
groups. The heat capacity difference is estimated to be 30.6 J/mol K at Tg
302 and V
is calculated based on a linear rule of mixtures to be 8.76 cm3/mol134. The resulting
maximum change in fictive temperature is thus ∼100 K or 0.2Tg. Achieving such
changes in Tf through cooling rate variation in a typical MG would require rates
approximately 7 orders of magnitude higher than for the standard as-cast state303.
Taken as a whole, our experimental measurements of yield strength changes and
modeling strongly suggest that ion irradiation dramatically influences the structural
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state of our glass by the incorporation of large defect energies (rejuvenation) that can
be recovered via structural relaxation annealing treatments. This latter point also
implies that any chemical changes to our MG nanowires as a result of ion implantation
cannot, to first order, explain the large changes in mechanical behavior and its inherent
reversibility.
4.3.7. Application of Yield Strength Prediction to Severely Deformed
Metallic Glasses
To test the validity and robustness of our new model, we also apply our analytical
formulation and analysis to HPT results from the literature, whereby both changes in
hardness and excess enthalpy as a function of cumulative plastic deformation were
reported198. Meng et al. performed HPT on a Zr-based glass and measured hardness
and elastic modulus via nanoindentation, and correlated such changes to calorimetric
measurements of relaxation enthalpy as a function of number of rotations and sub-
sequent relaxation annealing198. As the number of rotations increased, the hardness
decreased from 6.1 GPa for the as-cast glass to 4.9 GPa for 50 rotations; concomitant
changes in relaxation enthalpy were approximately 1960 J/mol. Furthermore, HPT
induced a change in indent morphology. In the as cast state, clear shear bands were
observed around the indent. As the number of rotations increased, a decrease in shear
banding was observed. At 50 rotations no shear bands were observed. Additional
samples subjected to 50 rotations were annealed at 0.97Tg for 1 hour, which recovered
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the as cast hardness, elastic modulus, and indent morphology. As a whole, these HPT
experiments show remarkable similarity to the ion irradiation experiments presented
here in terms of the trends in yield stress, deformation behavior, and reversibility
making the HPT results an apt test bed for the yield stress model presented here.
To apply our analytical model we estimated the yield strength as one third the
hardness304. We then apply Equation 4.7 to estimate the energy difference between
the as-cast and HPT (50 rotations) samples. The yield stress decrease is estimated to
be -400 MPa for 50 rotations which indicates an energy change of 4600 J/mol according
to our model. From Equation 4.6 and substituting ∆H, we then estimate ∆Tf to be
154 K. Based on the experimentally measured enthalpy relaxation, ∆Tf is estimated to
be 65 K and ∆σ is estimated to be -170 MPa. Finally, structural relaxation annealing
following HPT treatments recovered the hardness values of the as-cast MG.
Figure 4.6a shows the experimentally measured198 and calculated changes in
yield stress as a function of number of HPT rotations (i.e. cumulative plastic strain)
as well as the predicted yield stress from Yang’s model14. The calculated annealed
yield stress was determined by assuming complete relaxation (i.e. zero excess enthalpy
in the system). In all cases, the approximated and calculated yield stresses are well
below the predicted yield stress. Figure 4.6b shows the changes in enthalpy and
fictive temperature due to HPT determined using our newly developed analytical
model. From these calculations we observe that the values determined from the
hardness measurements are roughly three times greater than the values estimated
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from the enthalpy relaxation measurements (Figure 4.6b). We attribute this apparent
discrepancy to the radially varying plastic strain inherent to the HPT disks; indeed,
the center of the disk is less deformed than the edge. Thus, the enthalpy relaxation
measurements are probing the average change of the whole sample while the hardness
measurements probe only a highly deformed region. However, the nominal shear strain
gradient can be estimated as γ = 2piNr/t49, 50, where N is the number of rotations,
r is the radial position, and t is the thickness of the disk. The von Mises strain
can then be estimated as ε = γ/
√
3 for small shear strains (. 0.8). However, in
Meng’s work, γ  0.8 even for one rotation. As a result, an upper and lower limit of
Figure 4.6: HPT results198 analyzed using the yield stress relationship to fictive
temperature. (a) shows changes in the yield stress (approximated as one third of
the hardness) determined from mechanical testing and calculated from the enthalpies
of relaxation. The calculated yield stresses were determined using Equation. 4.7
using the as-cast glass as a reference state. The results after structural relaxation
annealing (indicated by the arrow) are shown as open symbols. (b) The enthalpy
difference between the HPT samples and the as cast sample were determined from
the approximated yield stress, directly measured by calorimetry, and integrated from
the yield stress assuming a linear relationship between von Mises strain, and yield
stress. The green band is determined from the high strain and low strain estimates for
HPT305; see text for details. Enthalpy differences were calculated from Equation 4.7
and fictive temperature changes were determined from Equation 4.8.
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accumulated strain will be considered. Two common strain estimates for materials
subject to HPT are ε =
(
2√
3
)
ln
[
(1 + γ2/4)
1/2
+ γ/2
]
and ε = ln (γ) which we will
consider as an upper and lower estimate of strain respectively305. In light of the
reported complexity of the strains incurred by HPT in polycrystalline materials, we
note that the absence of microstructure and strain hardening mechanisms in metallic
glasses greatly simplifies the picture and thus such modifications to the accumulated
strain can be neglected. Thus by fitting the reported yield stress data as a function
of number of rotations (and hence strain), the yield stress at each radius can be
estimated. By applying Equations 4.7 and 4.6 and integrating over the disk radius,
the total enthalpy and yield stress difference can be calculated. Figure 4.6b shows
the enthalpy and fictive temperature differences determined from the measured yield
stress, calorimetric measurements, and integrated estimate using the high strain
and low strain estimates as upper and lower bounds respectively. It is observed
that the integrated estimate agrees well with the enthalpy difference as measured
via calorimetry, providing additional validation of our model. This analysis thus
shows that our revised model connecting plastic yielding in MGs is not only capable of
describing strength differences between different glass systems, but can also successfully
capture the continuum of structural states within a given glass system brought about
by distinct treatments. We expect this approach to be applicable to various processing
routes that either structurally relax or rejuvenate glasses.
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4.4. Conclusion
Drawing connections between fundamental thermodynamic and physical param-
eters of glassy materials and their mechanical resistance to plastic deformation is a
tantalizing goal. This is a notion that has long eluded predictions of plastic deforma-
tion in crystals where structural descriptions of defects and obstacles are more apt.
The non-equilibrium nature of MGs and its special property of kinetic frustration at
low temperatures, leading to a glass transition, apparently correlates with destabi-
lization by means of mechanical energy. The broad spectrum of structural states in
which a glass can exist, a result of its structural heterogeneity and rugged potential
energy landscape, is a unique characteristic that allows for a wide range of mechanical
behavior. This tunability is appealing from a structural materials perspective in which
a given glass chemistry can be designed, for instance, for formability or environmental
concerns, and the mechanical behavior could be subsequently varied by relatively low
energy processing approaches.
In this chapter, we have shown that Pt-based MG nanowires subjected to ion
irradiation and annealing treatments embody these principles and can be taken to
extreme structural states, from well relaxed to heavily rejuvenated approaching a
liquid-like state. Our systematic experimental study using quantitative in situ tensile
testing shows the influence of irradiation conditions on inelastic response, which is
well captured by a unified analytical model that incorporates the structural state of
the glass. Specifically, we draw the several conclusions.
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First, Pt-based MG nanowires produced by thermoplastic molding using nanoscale
templates exhibit high strengths, brittle-like tensile behavior, and failure mediated
by shear banding. Ion irradiation of these nanowires changes the structural state by
further disordering the glass, leading to significant tensile ductility, quasi-homogeneous
plastic deformation, and measurable reductions in yield strength. Sub-Tg annealing
of ion irradiated nanowires elicits structural relaxation and returns the glass state
to its as-molded condition and corresponding mechanical behavior. Our systematic
study over a range of ion fluences (0-300 ions/nm2) and irradiated volume fraction (0-0.1)
suggests that ion fluence and consequent damage shows a stronger correlation with
yield strength reductions over the ranges studied.
However, observation of changes in structure or composition show minimal
differences. For instance, structural characterization by selected-area TEM diffraction
show subtle changes in the integrated intensity profiles, suggesting a more disordered
or liquid-like state in ion-irradiated nanowires. Similarly, quantification of Ga inclusion
shows only small concentrations on the order of 2%. Despite the small differences in
scattering signatures and composition the yield strength reductions are as large as 0.5
GPa.
Finally, previously reported universal scaling laws linking the yield strength of
a given MG and Tg can not adequately describe the changes in yield strength as a
result of ion irradiation and annealing. In contrast, our newly developed analytical
model incorporating the structural state enables predictive capability and captures
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our results well. We estimate that ion irradiation at high fluence levels (∼300 ions/nm2)
lead to changes in Tf of over 70 K, which corresponds to approximately 7 orders
of magnitude in cooling rate in bulk MGs. We demonstrate the robustness of our
model by applying it to literature reports of hardness reductions from several plastic
deformation of MGs, and show that the changes in mechanical properties can be used
to adequately predict the excess enthalpies of the glass subjected to varying plastic
strain.
Our results not only show that the mechanical properties and plastic deformation
mode of small-scale MGs can be varied substantially within a given glass system, but
also demonstrate the diversity of processing routes that can be used to tailor the
structural properties of MGs. Our results and analysis could potentially be used to
design new processing treatments that lead to a broader library of properties and
more graceful failure modes in glassy materials.
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Chapter 5
Thermoplastic Deformation of Indi-
vidual Nanowires
Portions of this chapter have been reproduced with permission from Scientific Reports,
Volume 6, Page 19530 (Copyright 2016 Nature Publishing Group).
Tensile tests on MG nanostructures at temperatures far below Tg reveal a greater
sensitivity to processing owing to reduced dimensions. Such sensitivity necessitates
an understanding of the role different fabrication routes play. In particular, all
specimens studied thus far have been produced by thermoplastic molding. While
bulk MG flow behavior has been extensively investigated, comparatively little is
understood about elevated temperature deformation at small length scales despite
strong interest in employing thermoplastic deformation at the nanoscale. In order to
advance the understanding of high temperature deformation of MGs at the nanoscale
we performed novel thermomechanical tensile experiments on individual molded
Pt-based MG nanowires at temperatures near Tg and examined the flow behavior
and failure morphology across a range of viscosities. We further compared these
results to thermomechanical compression experiments on bulk specimens of the same
composition. Our experiments provide quantitative thermomechanical properties
based on individual nanowire experiments, which provide crucial insight for further
developments in nanoscale thermoplastic processing.
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5.1. High Temperature Creep Measurement
To measure the thermomechanical properties of individual nanowires in creep-like
conditions, stress and strain must be applied and measured, respectively, under a
variety of temperatures. Here, the temperature is increased by passing an electrical
current through the nanowire during mechanical testing, giving rise to Joule heating
in the nanowire.
Figure 5.1a shows a representative data set from a thermomechanical experiment,
which consists of axial strain and load as a function of time while the power dissipation
is increased in a stepwise fashion. The strain vs. time response under Joule heating
conditions shows strains that far exceed the room temperature elastic strain limit,
indicating homogeneous deformation at elevated temperature in the nanowire. The
initial strain of 3% (measured with respect to the initial state of the nanowire)
represents the onset of near steady-state conditions where measurements were extracted;
strains leading up to this point (not shown) were associated with settling of the power
and load feedback circuits. Apparent transients are likely a convolution of both
material effects and the experimental feedback control used to maintain constant
force and power. Notably, the high strain to failure (>20%) indicates that Joule
heating enabled superplastic-like deformation behavior in the amorphous state, which
is indicative of high temperatures close to Tg. The extent of deformation is further
demonstrated in Figure 5.1b, which shows the first micrograph and final micrograph
before mechanical failure from the testing sequence. The white dashed lines illustrate
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the initial nanowire length. Notably, the observed steady-state strain rate depends on
the dissipated power (related to temperature); as the dissipated power increased the
strain rate correspondingly increased. During this experiment, the force data showed
little deviation from the set point of 10µN, demonstrating that the electrical current
negligibly affected the applied force
a) b)
Figure 5.1: An example raw data set is shown in (a), which includes strain measured
from the image sequence and force over time. Regions of different power dissipation
are also indicated. To emphasize the large strains achieved through thermoplastic
deformation the first and final frame of the testing sequence are shown in (b) with the
original length indicated by the dashed lines.
From the strain-time data, segments of steady state plastic deformation were
isolated. The true strain was determined from the measured engineering strain
quantities based on the assumption of uniform deformation and constant volume
during plastic deformation. Figure 5.2a shows the steady-state segments of true strain
as a function of relative time extracted from the data shown in Figure 5.1a. From
these segments the steady-state strain rates were determined as a function of power,
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as indicated below each segment. When determining the strain rate the average error
was estimated to be less than 1%. To gain additional insight on the thermomechanical
response, we performed additional load jump tests on individual nanowires. A portion
of a load jump data set from a different nanowire specimen is shown in Figure 5.2b.
In this data segment, a constant power of 1.1 mW was applied to a single nanowire.
Upon stabilization of power dissipation the force was increased quasi-instantaneously
in 2µN steps from 2-8 µN. After increasing the force a brief transient was observed
followed by extended steady-state deformation. For all data sets the true stress was
calculated from the area reduction given by the true-strain. The uncertainty in stress
was estimated to be 11% primarily from errors associated with determination of the
cross-sectional area. Using the true stress (σ) and true strain rate (ε˙), the viscosity
was determined according to η = σ/3ε˙93. The resulting error in viscosity was estimated
to be 11% across all tests.
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Figure 5.2: The strain data is converted to true-strain and representative regions of
constant strain rate and power dissipation are isolated as shown in (a). Here, each
segment is a period of steady state plastic deformation under an applied load of 10µN.
The strain rate of each segment is indicated below the data. Potential stress dependent
flow was examined by load-jump tests. An representative portion of strain data from
a load jump test on a different nanowire specimen is shown in (b). In this example
data 1.1 mW were dissipated in the nanowire and the force was increased in 2µN
increments from 2µN to 8µN.
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5.1.1. Viscosity Scaling with Power Dissipation
The viscosities determined from nine thermomechanical tests (each symbol type
is a distinct nanowire) are shown in Figure 5.3 as a function of power dissipated times
length squared (µW -µm2), which normalizes to T −Theat sink from the solution to the
heat equation for steady state heat generation and conduction306. The inset shows the
measured viscosity as log-viscosity versus power dissipated times length squared. From
Figure 5.3 it is observed that the measured viscosity varied from 2×1014−8×1011 Pa-s,
which further indicates temperatures approaching Tg. Additionally, the shape of the
viscosity-normalized power relation appears to be exponential. In glassy solids many
relaxation processes vary exponentially with temperature, as often described by the
Vogel-Fulcher-Tammann (VFT) relationship38. The VFT relation, which was derived
from a reaction rate theory, describes the viscosity dependence on temperature by the
fragility parameter. A low fragility, or strong glass, indicates a near-Arrhenius-like
relationship between viscosity and temperature, whereas a high fragility (weak glass)
indicates a strong deviation from Arrhenius dependence of viscosity on temperature.
Thus the apparent exponential dependence of viscosity on normalized power indicates
that the nanowire temperature is dependent on power dissipation, consistent with
Joule heating. However, while the VFT parameters for the Pt-based glass studied
here can be estimated, the large scatter in the viscosity data precludes an accurate fit
and a true conversion of dissipated power to nanowire temperature302.
It is important to consider sources of scatter in the power dissipated. In partic-
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Figure 5.3: Using the measured strain rates and stress the viscosity of the all thermo-
plastically deforming nanowires was determined. When plotted against power-length2,
the normalization for ∆T derived from the heat equation for conduction in one di-
mension, the viscosity shows an apparent exponential dependence. Here, each symbol
type represents a unique nanowire experiment. The inset shows the viscosity data as
log-viscosity vs. power-length2 to further show the apparent exponential relationship
between viscosity and power-length2.
ular, the Pt-based electron beam induced deposition (EBID) material used as both
mechanical grips and electrical contacts likely produces a large amount of scatter.
Generally, the electrical properties of EBID are variable with a strong dependence on
the deposition conditions6. However, even at consistent deposition conditions larger
scatter in resistivity is often observed307–309. Thus, the large variability in the power
dissipation and the corresponding material response is likely influenced by the EBID
electrical contacts.
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5.1.2. Preservation of Amorphous Structure
When assessing the flow behavior of a metallic glass it is critical to ensure that
the response is not influence by nucleation and growth of crystalline domains. Notably,
transmission electron microscopy (TEM) observations of failure surfaces confirmed
that the nanowires remained amorphous following thermomechanical testing. Electron
diffraction (Figure 5.4a) showed several diffuse scattering rings and no crystal spots,
which is indicative of a disordered structure. Furthermore, TEM imaging revealed
no observable crystallites within the deformed nanowires (Figure 5.4b-c). Indeed,
from time-temperature-transition studies of this Pt-based glass, crystallization is not
expected under these experimental conditions until very long times greater than 10
hours as estimated from Legg et al.302 The calculated crystallization times are shown
in Figure 5.4d as a function of the reduced temperature T/Tg. This calculation, in
concert with the post-mortem TEM observations, provides significant confidence that
crystallization is not an important factor when determining the flow response.
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Figure 5.4: Post mortem TEM imaging provides evidence that the nanowires remain
fully amorphous. a) SAED patterns taken on from a melted nanowire show no signs of
crystal diffraction spots. Bright field images in b) and c) show uniform contrast and
no lattice fringes within the nanowire failure surface. In d) the estimated time until
the onset of crystallization as a function of temperature is calculated using parameters
from302.
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5.2. Transition in Flow Behavior
5.2.1. Determination of Flow Regime
Performing tests over a wide range of applied stresses and powers enabled us
to examine the full collection of thermomechanical testing results in terms of the
steady-state strain rate dependence on stress, as shown in Figure 5.5a, where the
symbol color indicates the estimated viscosity. Here, the outlined data points show
the highest and lowest approximate iso-viscosity lines, which can be compared to
the constitutive law for Newtonian flow given above. A deviation from a strain
rate sensitivity of m = 1 would indicate non-Newtonian flow. The dashed lines are
polynomial fits to the iso-viscosity points to guide the eye. From Figure 5.5a it was
observed that the stress varies sub-linearly with measured strain rate, indicating a
transition to non-Newtonian flow above a certain stress level.
Load jump tests provide additional insight into the transition from Newtonian to
non-Newtonian behavior. Figure 5.5b shows the log-strain rate vs. log-stress for a
representative load jump test on a single nanowire, where each symbol type represents
a steady-state condition at a different power dissipation. Additionally, each segment is
labeled with the mean viscosity of the segment, which decreases as the dissipated power
is increased. At each steady state condition, a polynomial function was fitted to log σ
vs. log ε˙ to determine the strain rate sensitivity as a function of the experimentally
measured strain rate. To identify the transition from Newtonian to non-Newtonian
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flow, a threshold strain rate sensitivity was selected. Strain rate sensitivities greater
than m = 0.7 were identified as Newtonian while strain rate sensitivities less than
m = 0.7 were labeled as non-Newtonian. In Fig. 4b, the polynomial fits are colored
according to this threshold, with red indicating Newtonian (m > 0.7) and black
indicating non-Newtonian (m < 0.7).
Changes in deformation morphology can be used as an additional signature of the
transition to non-Newtonian deformation119, which we examine here to corroborate our
thermomechanical measurements. While all samples demonstrated plastic deformation
in excess of the elastic limit, the failure morphologies varied greatly as shown in
Figure 5.5c,d. Figure 5.5 4c shows failure by a drawing down to a sharp point and
an absence of system spanning shear character. While such pronounced failure was
only observed in one sample, similar morphologies were observed in many samples
and signify Newtonian flow. Figure 5.5d presents a typical shear-dominated failure
morphology, which is often associated with non-Newtonian deformation at elevated
temperatures119.
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Figure 5.5: To account for potential stress effects on viscosity, the results are plotted
as strain rate versus stress in (a). The color scale indicates the log of viscosity. Here,
the results from all samples are plotted together. To highlight possible non-Newtonian
behavior the highest and lowest iso-viscosity points are highlighted. The dashed lines
represent a polynomial fit to these points to guide the eye. A slope of 1, which indicates
Newtonian behavior, is provided as a reference. To clarify the behavior observed in (a)
we consider only samples subjected to load jump tests. A representative results from
a load jump test on a single nanowire is provided in (b), as a function of increasing
power (each symbol type indicates steady state at different power dissipation). Each
segment is further labeled with its average viscosity. In addition, simple fits are shown
to help approximate the strain rate sensitivity, m. The slope of the simple fit is used as
an approximated strain rate sensitivity. The fits are colored according to the threshold
used to determine the transition from Newtonian (m > 0.7) to non-Newtonian flow
(m < 0.7). Micrographs showing the representative failure morphologies due to (c)
necking down to a sharp point, denoted as a diamond, and (d) shear dominated failure,
denoted as a triangle, are included. Such morphologies are indicative of Newtonian
and non-Newtonian deformation respectively
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5.2.2. Size Dependent Flow Transition
To characterize the complete spectrum of thermoplastic deformation in the MG
nanowires a deformation map is constructed (Figure 5.6a). The map is constructed
from the observed failure morphologies (slashed symbols) and estimated strain rate
sensitivities from load jump tests. Here, the symbol types correspond to the symbols
from Figure 5.5c,d. Failure morphologies showing no shear character or segments
with high strain rate sensitivities are described as Newtonian (diamonds). Failure
morphologies showing significant shear character or segments with low strain rate sen-
sitivities are described as non-Newtonian (triangles). In cases when SEM observations
were insufficient to definitively assign a failure category, TEM tilt series were used
to corroborate SEM characterization. Regardless of the deformation type, extensive
plastic deformation was observed before failure in all deformation regimes. From
the deformation map a transition from Newtonian to non-Newtonian deformation is
observed as the strain rate is increased for a given viscosity. As the viscosity decreases,
the transition shifts to higher strain rates.
For a comparison of length scales over four orders of magnitude, included in
Figure 5.6a are results from compression of millimeter sized bulk specimens made from
the same MG composition. For comparison, bulk specimens of the same composition
were compressed at elevated temperatures. Bulk ingots were cut into compression
samples with diameter of 2 mm and height of 4 mm (aspect ratio 2:1). The samples
were carefully polished to ensure parallelism. Uniaxial compression was subsequently
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conducted at temperatures between 240 ◦C and 255 ◦C under strain rates between
1×10−3 s−1 and 1 s−1. Bulk experiments were conducted at higher temperatures
to ensure good temperature control and avoid uncertainties with determination of
temperature, resulting in lower viscosities. Consistent with the observation from
nanowires, a transition from Newtonian to non-Newtonian deformation was observed.
As the viscosity decreased the strain rate required to undergo the transition increased.
To provide context to our results, flow data for nine bulk MGs obtained from
literature was compiled in Figure 5.6b118, 120–127. The deformation mode is again
determined from the strain rate sensitivity as previously described for the nanowire
and bulk compression experiments presented here. Figure 5.6b shows that our mea-
surements on the bulk Pt-based glass are largely consistent with other reports from the
literature. Furthermore, the compiled data indicates the Newtonian to non-Newtonian
transition to be consistent across the different glass compositions and over 8 orders
of magnitude in viscosity. To highlight the transition, a dashed line is included in
Figure 5.6b. Critically, the transition from Newtonian to non-Newtonian deformation
in bulk specimens occurs at similar strain rates and viscosities regardless of glass
composition. Thus, we use the cumulative data set (including the Pt-based alloy
used for nanowire measurements) for a large number of bulk metallic glass compo-
sitions to construct a linear fit to demarcate the transition between Newtonian and
non-Newtonian flow and is also include in Figure 5.6a for direct comparison to the
measured transitions in our Pt-based nanowires.
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Figure 5.6: (a) A deformation map is constructed from observed failure morphologies
(slashed symbols) from all tests and estimated strain rate sensitivities determined
from load jump tests on nanowires and bulk specimens. The inset highlights the
nanowire results. From the deformation map a transition from Newtonian (yellow
diamonds) to non-Newtonian deformation (blue triangles) is observed as the strain rate
increases. The symbol types match the deformation morphologies from Figure 5.5c,d
respectively. The black data marker in the inset represents the mean uncertainty
in the determination of viscosity. The uncertainty in strain rate is smaller than the
marker size.A black dashed line, determined from (b), is included to highlight the
transition at different viscosities for compiled bulk data. Compiled bulk data from this
work (filled squares) and the literature118, 120–127 in (b) shows a deformation map over
a range of viscosities and strain rates. From the compiled data, an average transition
from Newtonian to non-Newtonian deformation is determined as shown by the dashed
black line.
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5.3. Discussion
Using our results, we can examine the nature of thermoplastic flow in nanoscale
specimens as compared to bulk specimens. Phenomenologically, nanoscale and bulk
specimens behave similarly. Across all length scales a transition from Newtonian to non-
Newtonian deformation is observed as the strain rate increases. Failure morphologies
also show similarity; when deforming nanowires in the Newtonian regime the failure
surfaces show extensive deformation down to small diameters (Figure 5.5c). In the
non-Newtonian regime failure surfaces show shear character (Figure 5.5d). These
nanowire deformation morphologies agree with bulk observations119. The hot-pulling
experiments further support this qualitative similarity between bulk and nanoscale
response, as the estimated transition strain rates are similar in magnitude to those of
the bulk material and the deformation morphologies are consistent.
However, a direct comparison between nanoscale and bulk flow behavior indicates
a measurable change in the onset strain rate of non-Newtonian deformation at the
nanoscale. In Figure 5.6a, the average bulk transition, which does not depend on glass
composition, determined from nine bulk MGs shown in Figure 5.6b is reproduced as a
black dashed line. When compared with the bulk transition, all nanowire observations,
both Newtonian and non-Newtonian, are at higher strain rates than the bulk flow
transition. At a given viscosity, the transition strain rate at the nanoscale increases
nearly four-fold signifying a significant difference in the flow behavior in our nanowires.
This increase is well above the estimated uncertainty in strain rate of <1%. Similarly,
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at a given strain rate the flow transition in nanoscale specimens occurs at viscosities
nearly four times higher than in bulk. Again, the observed difference in the viscosity at
which the Newtonian to non-Newtonian flow occurs in bulk versus nanoscale specimens
is much greater than the estimated uncertainty in viscosity of 11%.
To explain the distinct behavior observed at the nanoscale we consider possi-
ble differences between nanowire and bulk specimens. Conceptually, the onset of
non-Newtonian flow occurs when shear induced free volume generation surpasses
thermal relaxation of free volume, resulting in a higher overall free volume and lower
viscosities69, 99. As the viscosity decreases the relaxation rate increases resulting in
a new steady state at higher free volumes. From Figure 5.6a it is observed that the
nanowire specimens examined here maintain Newtonian flow at strain rates up to four
times greater than bulk MGs at a given viscosity. This suggests that the nanowire
specimens may accommodate greater free volume generation before softening and
establishing a new steady state. However, identifying the mechanism leading to the
enhanced accommodation of free volume based on fitting bulk formalisms without
an explicit temperature measurement is challenging. Instead we consider potential
phenomenological explanations for the unique behavior observed at the nanoscale.
The flow behavior of the MG nanowires could be altered by both intrinsic and
extrinsic factors. For instance the nanoscale dimensions of the specimen could result
in an intrinsic alteration to the relaxation response due to the free surface. To
accommodate increased free volume production during deformation the surface would
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need to act as a sink of free volume. In such a scenario, newly generated free volume
would diffuse to and annihilate at the nanowire surface. This viewpoint is supported
by molecular dynamics studies that specifically probe how free surfaces alter glass
properties310–312. In all cases, the surface was observed to have enhanced free volume
or atomic mobility as compared to the material core. Enhanced surface mobility has
been demonstrated to lead to enhanced relaxation and increased ordering at simulated
metallic glasses surfaces313. As a result, at reduced length scales the free surface may
act as an effective sink of free volume. However, the extent of the surface is limited to
the first several atomic layers potentially limiting the effectiveness of the surface at
the sizes studied here.
Additionally, the fabrication methods, an extrinsic factor, could alter the free
volume distribution relative to bulk structures and enable more free volume to be
accommodated. Importantly, in the viscosity range examined relaxation times are
still relatively long and the quenched-in free volume likely still influences the nature
of deformation. During the molding process the nanowires are held at elevated
temperature for an extended period of time resulting in structural relaxation and
reduction of free volume. Such a mechanism is supported by Zhang et al. who
demonstrated that free volume in nanowires is preparation dependent312. Wires
produced by simulated hot imprinting showed lower free volume than the bulk as
indicated by lower average Voronoi volumes. The reduction in free volume then
manifested as distinctly different mechanical responses in agreement with experiments
114
on MG nanowires, which illustrate a strong post-processing effects259, 260, 314. Thus,
the thermoplastic modeling technique employed to produce the nanowires studied
likely resulted in a lower initial free volume thereby enabling greater accommodation
of free volume generated by plastic deformation.
Regardless of the mechanism resulting in the measured deviation from bulk be-
havior these results could be useful guides for future thermoplastic forming operations.
The hot-pulling results demonstrate the scalability of thermoplastic forming and
drawing. The sensitivity of the resulting structures to the strain rate emphasizes the
need for in depth studies of high temperature deformation at the nanoscale. Previous
studies demonstrated deviations from bulk behavior, such as increasing viscosity at
reduced length scales315 or nanoscale effects on crystallization316. Here, we present the
first instrumented study of high temperature flow in amorphous metallic nanowires.
We observe that fundamentally the deformation mechanisms (i.e. the transition from
Newtonian to non-Newtonian flow) remain unaltered at the nanoscale as indicated
by changes in the strain rate sensitivity and deformation morphology. However,
measurements and observations of the transition from Newtonian to non-Newtonian
flow suggest an increased accommodation of free volume at the nanoscale potentially
allowing higher strain rates or stresses to be employed during forming. Thus, while
bulk measurements should serve as a suitable guide when designing a thermoplastic
forming operation, this work provides important insights for thermoplastic forming
of nanoscale features. Finally, our high temperature study presented here in con-
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junction with our previous studies at low temperature259, 260further indicate that the
observed brittle-to-ductile transition264, 275, 276 in amorphous metals is likely mediated
by processing effects which could be intertwined with true size effects.
5.4. Conclusion
In summary, we presented a series of experiments to investigate the deformation
of nanoscale MGs at elevated temperature. To investigate the high temperature
deformation of nanoscale MGs we conducted thermomechanical tests on individual
MG nanowires. By varying the power dissipated and applied load a deformation
map was constructed from failure morphologies and estimated strain rate sensitivities.
The deformation map revealed a transition from Newtonian to non-Newtonian flow
at strain rates consistently higher than the average bulk transition. Shifting the
flow transition to higher strain rates is consistent with the accommodation of larger
amounts of free volume produced by plastic deformation. We hypothesize that the
difference in behavior is due to enhanced relaxation at the free surface and a lower
steady state free volume resulting from the fabrication process. These experiments
are expected to have potential impact on future thermoplastic forming operations by
demonstrating that the deformation mechanisms are fundamentally similar across four
orders of magnitude in length scale. The results of our work also suggest that higher
strain rates or stresses may be employed at the nanoscale owing to the enhanced
capacity for free volume production in the Newtonian flow regime, and point to the
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importance of sample processing in mediating the ensuing deformation behavior.
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Chapter 6
Vapor Deposited Metallic Glass Thin
Films
In the preceding chapters, the interplay between reduced length scale, sample
history, and mechanical properties was explored in metallic glass nanowires. Observa-
tions of the effect of ion irradiation, high temperature annealing, and thermoplastic
flow reveal a potentially wider range of achievable structural states as indicated by
differences in Tf . Despite these continuing advances in understanding the interplay
between processing, structure, and properties in MGs, post-glass forming treatments
dominate efforts to control mechanical properties in MGs and the bounds of structural
state have yet to be established.
In contrast, control over structural state in organic glasses at the time of produc-
tion has been achieved in physical vapor deposited (PVD) organic glasses317, 318. By
varying the substrate temperature during deposition, the structural state, as indicated
by the fictive temperature, and material properties are controlled317–319. In addition, a
unique glassy state with exceptionally low fictive temperature and enhanced stability,
referred to as an ultrastable glass, was produced in organic glasses and thin film
MGs320, as a result of enhanced surface mobility enabling adatoms to diffuse to a
lowest energy disordered configuration321. Thus, while the ultrastable glass is likely
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the lowest energy bound on structural state, highly liquid-like structures may also
be produced by PVD owing to effective cooling rates far greater than conventional
thermal processing; this full spectrum of structural states has not been investigated in
PVD thin film MGs. Therefore, based on the isochemical control over structural state,
PVD deposition of thin film MGs is proposed as a method to tailor the hardness,
modulus, and plastic deformation response at the time of glass formation rather than
through tailoring alloy composition or post-glass forming treatments.
6.1. Characterization of Sputtered Thin Films
The measured compositions of all thin films are summarized in Table 3. Here,
the error is estimated from the percent error when fitting the spectra. The results
demonstrate that the substrate temperature does not affect the film composition,
implying that all property changes reflect isochemical changes in the glass. In addition,
the average film composition is Pd78.3Cu6.2Si15.5, which agrees well with the target
compositions of Pd77.5Cu6Si16.5. The oxygen content was also analyzed by EDS.
Given the challenges in assessing light elements by EDS we focus on the qualitative
result that most thin films appeared to have consistent oxygen content with two
notable exceptions. The room temperature and 483K deposited thin films contain
approximately 100% and 50% more oxygen than the remaining thin films, respectively.
Figure 6.1 shows structural characterization of the MG thin films. XRD patterns
for thin films deposited at an actual substrate temperature of 333 K, 394 K, 461 K,
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Table 3: Composition of sputtered Pd-based MG thin films at different substrate
temperatures as determined by EDS. The errors are determined from the percent error
when fitting the EDS spectra.
Substrate Temperature (K) Pd (at. %) Cu (at. %) Si (at.%)
298 77.6± 10 6.2± 1.0 16.2± 1.7
333 78.6± 10 6.2± 0.9 14.6± 1.7
394 79.7± 10 5.9± 0.9 15.6± 1.6
461 78.7± 10 6.3± 1.0 15.0± 1.6
483 77.3± 10 6.5± 1.0 15.8± 1.7
553 77.5± 10 6.5± 1.0 15.9± 1.6
483 K, and 553 K (Figure 6.1a) show characteristic amorphous patterns, indicated
by a single diffuse peak around 40◦ 2θ at elevated temperatures. In contrast, the film
deposited at 298 K is crystalline as indicated by the narrow peak at 40◦ 2θ and the
secondary peak around 46◦ 2θ, which likely correspond to the (111) and (200) peaks
from a crystalline Pd phase. XRD observations are supported by bright field TEM
cross-sectional images, where a thin film deposited at 298 K shows clear evidence of
crystallites, which is supported by the inset selected area electron diffraction pattern
(SAED) (Fig. 1b). Bright field TEM observations on a cross section of a representative
glassy thin film deposited at 461 K shows that the film is featureless and the SAED
pattern shows only diffuse hallows which indicates an amorphous structure (Fig. 1c).
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Figure 6.1: a) Structural characterization of sputtered thin films was performed by
XRD. The thin film deposited at 298 K appeared crystalline as indicated by the two
distinct crystal diffraction peaks, which likely correspond to the (111) and (200) peaks
from a crystalline Pd phase. All other films were x-ray amorphous as indicated by the
single broad diffraction peak. XRD observations were supported by TEM on the 298
K film b) and 461 K film c). Again the 298 K film appeared crystalline as evidenced
by bright field contrast within the film and multiple sharp diffraction rings in the
electron diffraction pattern (inset). The 461 K film was amorphous as evidenced by
the lack of contrast within the film and diffuse halos in the electron diffraction pattern
(inset).
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6.2. Mechanical Properties
The nanoindentation of MG films on their native deposition substrates was per-
formed using the CSM method and the depth-resolved results are shown in Figure 6.2.
The Oliver-Pharr modulus and hardness depth profiles are shown in Figure 6.2a and
Figure 6.2b, respectively. Here, each point is an average of 16 indentations and the
error bar is the standard deviation of the included data. The 298 K film shows an
apparent plateau in modulus and hardness at indentation depths between 25 nm and
50 nm before rapidly increasing. All other films show increasing hardness and modulus
before plateauing by 50 nm for the 333 K film and 25 nm for the remaining thin films.
Due to the small difference (∼10%) between the modulus of the MG films and
Si, the substrate has a limited effect on the Oliver-Pharr modulus and hardness for
indentation depths smaller than 25 % of the film thickness322, 323. Furthermore the
increases in modulus and hardness at small depths (<20 nm) are likely due to the
indenter tip blunting and surface roughness324. Accordingly, to compare the effect of
deposition temperature an average modulus and hardness are extracted by averaging
over 45-55 nm of indentation depth and are plotted in Figure 6.2c. The depth windows
are indicated in Figure 6.2a,b. From Figure 6.2c it is observed that the modulus and
hardness increase with increasing deposition temperature until 461 K, indicative of an
increasingly relaxed glass structure. Above 461 K the modulus and hardness decrease
with increasing substrate temperature suggesting more rejuvenated glasses at higher
temperatures.
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Figure 6.2: Modulus and hardness were measured by nanoindentation using the
continuous stiffness method. The depth profiles for modulus and hardness are shown
in a) and b) respectively. The film properties were then determined as an average
over the depth range of 45-55 nm. The resulting average mechanical properties are
presented in c) as a function of the measured substrate temperature. The error bars
represent the standard deviation across the sampled depth window.
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To elucidate differences in plastic deformation accommodation modes for films
deposited in different structural states, the deformation morphology in the vicinity of
the indent impressions was also observed by in situ scanning probe imaging. Figure 6.3
shows gradient force images of the indent morphologies, which are the scanning probe
set point error and indicate the slope of the surface. The force images are selected
to aid in clearly identifying topological features due to the increased sensitivity to
changes in height. The identified surface features are then analyzed from the height
images. The 298 K film shows no pileup around the indent indicating that no shear
bands form when the film is crystalline. As the deposition temperature increases
shear bands are observed around the indent, primarily at the top of the impression.
At 333 K a few large shear bands are identified at the top of the indent, with an
average step height difference of 10.6 nm. As the substrate temperature increases the
shear bands become more pronounced and become visible at the lower left edge of the
indents. The thin film deposited at 461 K exhibits the largest and most distinct shear
bands with an average step height of 12.55 nm. Above 461 K the shear bands become
less distinct until shear bands are poorly resolved at 553 K. However, measurement of
the step heights reveal an average shear band height of 10 nm, which qualitatively
agrees with the shear band heights at 333 K. In addition, it is important to note that
the observation of shear bands is influenced by potential variations in indent depth
under the same applied load. In particular, the 333 K film was indented deeper than
the 461 K film potentially resulting in larger shear bands. Yet the 461 K film showed
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Figure 6.3: Indent morphologies are observed in situ after indenting to 2000µN using
the scanning probe mode under an applied load of 2µN. Here, gradient force images,
which are the scanning probe set point error and indicate the slope of the surface,
are shown to identify changes in indent morphology. As the deposition temperature
increases shear bands become more pronounced with the 461 K film showing the most
distinct shear bands. Further increasing the deposition temperature results in less
distinct shear bands. While interpretation of the indent morphology is complicated
by potential influence of the substrate the 461 K film showed the shallowest indent
and the largest indents, which emphasizes its most well relaxed structure.
the largest shear bands despite having the shallowest indent. Thus, while variations
in indent depth influence the observation of shear bands, careful analysis reveals a
transition in shear band behavior towards relatively large, distinct shear bands in the
most relaxed structural state.
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6.3. Structural State in Sputtered Thin Films
From the nanoindentation results it is evident that the substrate temperature
strongly influences the resulting mechanical properties through isochemical modifica-
tions to the glassy structure. The hardness increases from 7.26± 0.55 GPa at 333 K
to 9.69 ± 0.33 GPa at 461 K, a difference of 2.43 GPa (33.5% increase). Further
increasing the deposition temperature results in decreasing hardness to 8.71 GPa at
553 K. The changes in hardness are further reflected in changes in indent morphology,
highlighting changes in both the extent and mode of plastic deformation. Taken as a
whole, the changes in mechanical response are indicative of changes in glass structural
state that are not reflected in scattering measurements (Figure 6.1) and a most relaxed
glass occurring at 461 K (0.73Tg for the bulk glass
325).
In the context of ultrastable glasses from the literature317–320 we find favorable
comparisons in the reported trends in thermal properties with our mechanical property
measurements. Here, the observed changes in the mechanical response complement
calorimetric measurements from the literature on PVD metallic and organic glasses,
which demonstrate smoothly varying structural states as the deposition temperature
is varied. In sputtered metallic glasses Samwer et al. found that as the deposition
temperature increased up to the ultrastable condition, the measured Tg shifted to
higher temperatures indicating enhanced kinetic stability of the glass320. Similarly, a
transition to higher Tg and a minimum in Tf is observed in the ultrastable state of
organic glasses further indicating that the ultrastable glass has both enhanced kinetic
126
stability and exceptionally relaxed structure317. These trends in kinetic stability and
fictive temperature are mirrored by the measured increase then decrease in hardness
and modulus with increasing deposition temperature found in our sputtered MG thin
films. Furthermore the peak in mechanical properties was observed at 461 K (0.73Tg).
This maximum falls within the expected range (0.7Tg to 0.8Tg) of temperatures,
indicated in Figure 6.2c as the shaded grey region, for the formation of ultrastable
MGs as reported by Samwer et al320.
However, we also observe that the film deposited at 483 K (0.76Tg) lies within
the expected ultrastable deposition temperature window. Yet the 483 K film shows
a lower hardness of 8.84 GPa compared to the 461 K film. This discrepancy likely
stems in part from the higher oxygen content ( 50 % higher than) in the 483 K film.
Increased oxygen content has been linked to decreased strength326 and worse glass
forming ability327. The detrimental effect of oxygen on glass forming ability likely
contributes to the crystallization observed in the thin film deposited at 298 K, which
showed twice the oxygen content, as well.
Taken as a whole the mechanical property results suggest two deposition regimes,
which agrees well with previous reports on both organic and metallic glasses317, 318, 320.
At low temperatures, below the peak modulus and hardness condition, increasing the
deposition temperature results in a more relaxed structural state. At high temperatures,
above the peak modulus and hardness condition, further increasing the deposition
temperature results in a more rejuvenated structural state. In both regimes, the
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resulting structure is determined by the increased surface mobility of vapor deposited
adatoms as compared to atoms in the bulk317, 318. In the low temperature regime
increasing the substrate temperature increases the surface mobility and allows adatoms
to find deep positions in the PEL. In contrast, in the high temperature regime, the
adatoms have high mobility. As a result, the adsorbed atoms have sufficient thermal
energy to overcome local energy barriers and move up the rugged PEL landscape.
This suggests that the high mobility surface atoms behave similarly to the supercooled
liquid317, 318, leading to structures and properties analogous to quenched glasses.
In order to quantify the changes in structural state and develop relationships
between mechanical and thermal properties we apply a previously developed model
for metallic glass strength260. Briefly, the mechanical energy required to initiate
plasticity in a MG is equated to the thermal energy required to reach the glass
transition14, 15. This equivalence is supported by simulations which observe a simple
scaling relationship between temperature and glass strength300. By applying the model
and comparing two MGs prepared in different structural states, changes in strength
can be equated to changes in fictive temperature, which describes the temperature
at which a glass structure would be at equilibrium, as ∆Tf = −∆σyV/(Cpl−Cpg), where
∆Tf is the difference in fictive temperature, ∆σy is the change in yield strength, V is
the molar volume, Cpl is the supercooled liquid heat capacity extrapolated from well
above Tg, and Cpg is the glass heat capacity extrapolated from well below Tg
260. Using
an experimentally determined Tabor factor of H/3.5 = σy
220, Cpl−Cpg ≈ 18.6 J/mol·k325,
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and a calculated molar volume of 8.92 cm3/mol, Tf is estimated to increase by 333 K
from the 333 K film to the 461 K film. Similarly comparing the 461 K deposition to
the 553 K deposition suggests a fictive temperature decrease of 134 K by increasing
the deposition temperature past the peak hardness condition. Owing to the potential
influence of the substrate and potential indentation strain rate effects328 the estimated
fictive temperature changes are likely an upper bound. Regardless this large difference
signifies large variations in glass structure that are potentially beyond the limits of
conventional MG processing effects, such as changing cooling rate or severe plastic
deformation processes139, 198. Furthermore these changes in glass structure are enacted
at the time of glass formation at temperatures and time scales far below those necessary
for post-processing structural relaxation treatments329.
As a result, the hardness results point towards the range of structural states
achievable in this Pd-based MG. Here, one limit is the apparent ultrastable glass
deposited at 461 K; this represents the most relaxed glass possible. The other observed
limit is the film deposited at 333 K, which shows the lowest hardness indicating
the most rejuvenated glass. The fictive temperature analysis suggests that the most
relaxed and most rejuvenated glasses differ by 6.19 kJ/mol in excess enthalpy, which
indicates a 333 K difference in Tf . In comparison to previous reports on fictive
temperature differences, this is beyond the variation in Tf (∼100 K) achievable
through annealing91. Furthermore, the changes in excess enthalpy and Tf due to
different deposition temperatures are greater than the previously reported changes
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due to both ion irradiation and high pressure torsion in a Pt-based glass (∼3 kJ/mol
and ∼100 K)260 and Zr-based glasses (∼4.5 kJ/mol and ∼150 K)198, 330.
6.4. Conclusion
In conclusion, we have demonstrated isochemical control over thin film MG prop-
erties by varying the deposition temperature. Rather than relying on post processing,
the structural state and resulting mechanical properties and deformation morphology
are programmed at the time of glass formation. Based on the hardness increase of
2.19 GPa we estimate Tf to increase by 300 K, which exceeds fictive temperature
differences enacted by previously explored methods including thermal treatments, ion
irradiation and high pressure torsion. This control arises due to the different role of
enhanced surface mobility in a low and high temperature deposition regime. As a
consequence, these results indicated that varying the deposition temperature during
PVD enables the greatest range of glass structural states, from ultrastable to highly
liquid-like, to be achieved in metallic glasses.
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Chapter 7
Conclusion and Perspectives
In this dissertation, we have explored the interplay between processing and me-
chanical properties in metallic glasses. Despite significant interest in employing MGs
as structural materials, particularly at the micro- and nanoscale, a holistic under-
standing of how processing determines properties has remained surprisingly absent.
In order to quantify the effect of processing on MGs the excess enthalpy and fictive
temperature were proposed to be appropriate structural metrics for glass structural
state. We then considered methods previously employed to relax or rejuvenate MG
structures, leading to lower excess enthalpies and fictive temperatures or higher excess
enthalpies and fictive temperatures respectively. The effects of reducing MG specimen
size to the micro- and nanoscale and the resulting mechanical properties were then
considered. Here, it was found that potential size effects were convoluted with the
strong processing sensitivity of metallic glasses.
In order to shed light on the processing sensitivity of MGs and explore potential
size effects we employed thermoplastically molded MG nanowires and novel nanome-
chanical testing techniques. In Chapter 3 we first demonstrated that controlled ion
irradiation in the FIB resulted in a transition from bulk-like tensile deformation, char-
acterized by brittle failure and shear band fracture morphologies, to quasi-homogenous
deformation, as indicated by the observation of plastic deformation and suppression
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of shear bands, in MG nanowires. We further found that annealing under conditions
known to relax the MG structure reversed the effect of the FIB irradiation. These find-
ings indicated that potential size effects are likely convoluted with potential processing
effects. Furthermore, it was revealed that reduction of length scale allows access to a
potentially unique tunability of MG structure, and hence mechanical response.
To further understand the effect of ion irradiation on the tensile behavior of
molded MG nanowires a systematic study of FIB irradiation was presented in Chapter
4. By systematically controlling both the ion fluence and irradiated volume fraction
a trend towards homogeneous deformation, increased tensile ductility, and reduced
yield strength were found. However, electron diffraction observations revealed only
subtle changes in MG structure. In order to understand the effect of processing on
MG structure and strength a model for glass strength was developed that specifically
incorporated excess enthalpy to account for structural differences. The changes in
excess enthalpy were further extended to differences in fictive temperature. Together,
the changes in excess enthalpy and fictive temperature, as estimated from changes
in strength, suggest structural changes beyond the limits of conventional thermal
processing.
In order to gain a greater understanding of the thermoplastic molding process
employed to fabricate the MG nanowires the high temperature flow response was
measured in Chapter 5. Using software feedback on both applied load and electrical
power dissipation, the stress and temperature applied to individual nanowires was
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varied. By considering the strain rate sensitivity and failure morphology a transition
from Newtonian to non-Newtonian flow was observed. By comparing to collective bulk
flow behavior, the flow transition was found to occur at higher strain rates, indicating
an enhanced ability to annihilate strain induced free volume. This suggests that the
free surface may be an effective sink for free volume leading to faster relaxation.
Finally, physical vapor deposition was explored as a method to determine the
structural state in MG thin films at the time of deposition in Chapter 6. We demon-
strated that varying the substrate temperature for sputter deposition from an alloy
target leads to isochemical variation in mechanical properties. In agreement with
reports from the organic glass literature, two deposition regimes were found. At a low
temperatures increasing the deposition temperature produces a more relaxed glass with
enhanced mechanical properties. Above a critical substrate temperature, increasing
the deposition temperature results in a more rejuvenated glass with decreased hardness
and modulus. These thin film growth regimes are understood to arise from increased
surface mobility enabling to explore low energy configurations and escape to high
energy configurations in the low and high temperature regimes respectively.
Collectively, the work presented in this dissertation offers several key implications.
First, it was demonstrated that the mechanical response of MGs at small length
scales is a convolution of the strong processing sensitivity of MGs with potential size
dependent behavior. This manifests as an enhanced ability to vary structural state at
the nanoscale and subtle differences from the bulk response, namely higher tensile
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strengths and greater accommodation of plasticity induced free volume at elevated
temperatures. Second, a general approach for quantifying MG structural state was
developed, pointing to a potential structural state – processing – property relationship
for MGs. Specifically the relationship between glass strength and structural metrics,
including excess enthalpy and fictive temperature, suggests glass behavior is easily
predicted from thermodynamic quantities. Finally, a method for accessing the full
range of potential structural states was demonstrated. By fabricating MG thin films
via PVD at different substrate temperatures the structural state was varied at the
time of glass formation from an ultrastable glass to a highly rejuvenated glass.
Based on these conclusions, several avenues for future investigation are suggested.
First, a calorimetric study of sputtered thin film metallic glasses should be conducted.
For instance, several nanocalorimetric measurement techniques for thin films have been
reported331–335. Such a study would provide a measurement of the excess enthalpy and
fictive temperature for incorporation into the model for metallic glass strength, further
strengthening the proposed structural state – processing – property relationship.
In addition, calorimetric measurements would enable investigation of changes in
kinetic process such as the glass transition and crystallization. Previous studies in both
organic and metallic glasses indicate significant changes to the glass transition317, 318, 320.
However, the effect of heating rate, which strongly influences the glass transition
and other processes81, 83, 88, has not been investigated. Such an investigation would
be further enhanced by the wide range of cooling rates achievable by thin film
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nanocalorimeter334, 335.
Additionally, a measure of energy dissipation as a function of structural state is
highly desirable. While global changes in elastic modulus are observed, it is unclear
how the underlying elastic interactions are affected. Furthermore, a measure of energy
dissipation would enable better comparison to the PEL model for MG structural
state and mechanics. A potential avenue for measuring energy dissipation is through
amplitude-modulation atomic force microscopy. When operated in a purely repulsive
contact the cantilever phase shift may be related to dissipation of energy in the
contact336. This technique has previously been employed to investigate the mechanical
heterogeneity in MG thin films57, 160, 337, 338. However, while shifts in the average
dissipation were observed in annealed160 and ultrastable MGs320, there is still a
need to specifically explore the interrelationship between structural state and energy
dissipation.
Similarly, the effect of glass composition on the range of achievable structural
states merits investigation. Specifically, the role of fragility, which describes the
temperature dependence of relaxation behavior around Tg
339, depends on glass com-
position and plays a role in MG properties38. Here, a low fragility indicates weak
temperature dependence while high fragility indicates strong temperature dependence.
Furthermore, the fragility correlates with entropic contributions to free energy340, 341
and affects the Kauzmann temperature, the temperature at which the entropy dif-
ference between glass and crystal reaches zero37, 342. Simulations and experiments
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on vapor deposited glasses also suggested that the Kauzmann temperature affects
formation of ultrastable structures321, 329, 343, 344. As a result, MG fragility may be
varied345, 346 and likely plays a role in determining the ideal condition for formation of
an ultrastable glass.
Finally, the holistic consideration of how MG processing affects properties suggests
novel materials architectures based around MGs. Specifically, the design of kinetically
controlled MG composites is proposed. These MG composites would take advantage of
the strong temperature dependence of relaxation and rejuvenation process in metallic
glasses to create new materials with controllable deformation response. For instance,
composite coatings may be produced by PVD. As demonstrated in Chapter 6, the
mechanical properties of MG thin films is determined at the time of deposition by the
substrate temperature. Therefore, both spatial and temporal temperature gradients
may be used to create alternating regions of MGs with low fictive temperature to
impart high strength and high fictive temperature to provide damage tolerance.
Similar structures at bulk length scales may also be produced through a com-
bination of mechanical and thermal processes as well. By combining two MGs with
significantly different glass transition temperatures, the low Tg glass could be relaxed
at time scales that do not affect the high Tg glass structural state. Again regions of
MGs with low fictive temperature impart high strength while high fictive temperature
areas provide damage tolerance.
136
Appendix A
Operation of SmarPod Nanomechan-
ical Testing Apparatus
In the following Appendix a step by step guide to safe installation, operation,
and uninstallation of the SmarPod nanomechanical testing apparatus is described.
This guide is intended to assist in the installation and operation of the SmarPod in
the either the Quanta or FIB (full and proper training must be completed on these
instruments first). This Guide describes the necessary steps for safe installation of the
SmarPod and PI micro/nano mechanical testing apparatus which uses the FemtoTools
load cells.
A.1. Required Equipment
The following equipment is required to operation of the SmarPod nanomechanical
testing apparatus:
• The Gianola Group laptop cart
• Keithley 2100 digital multimeter
• Labview USB Compact DAQ
• PI actuator control amplifier with appropriate sensor module
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• FemtoTools USB controller
• All SmarPod and actuator apparatus Components
• Any additional equipment necessary for your experiment
A.2. Installation Procedure
1. Log into the microscope and vent the chamber. While venting move the stage
to x=0, y=0, and z=minimum height (either home the stage or simply move to
the coordinate)
2. At this time plug in the cart power strip and start the laptop
3. Vent the SmarPod vacuum storage pod and remove the load cell boxes. Set the
load cells to the side.
4. Once the chamber is vented, set the actuator on the microscope bench to the
side of the chamber. Plug in the vacuum and air-side Actuator cables. Carefully
arrange the vacuum side cables under the microscope stage such that the cables
do no interfere with critical microscope components.
5. Turn on the Keithley 2100. Once the Keithley is fully started, turn on the
actuator control box and check the voltage read out. The voltage should read
around 6 mV. If this reading is not correct ensure there is no applied offset
voltage and that all cables are properly connected.
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6. Manual sweep the voltage on the Actuator using the DC Offset knob over the
full range of expected operation.
7. Return the DC Offset to 0 V and turn off the actuator. Pumping/venting
the microscope with the actuator powered on can cause severe and
permanent damage to the actuator.
8. Holding the SmarPod firmly by the baseplate lift it out of the storage pod while
also supporting the cables. Place on microscope stage and secure using the
three screws in the baseplate (2.5mm Allen wrench). Be careful not to over
tighten the screws or torque the microscope stage.
9. Connect the SmarPod vacuum and air-side cables ensuring ‘A’ is connected
to ‘A’ and ‘B’ is connected to ‘B.’ When handling the vacuum side cable
always handle by the two large LEMO connectors and support the
remainder of the cable. The weight of the large connectors may be sufficient
to damage the internal cable components if improperly handled.
10. Connect the vacuum side cable to the SmarPod baseplate by the three plastic
connectors. Again ensure ‘A’ is connected to ‘A,’ ‘B’ is connected to ‘B,’ and
‘C’ is connected to ‘C.’ The cables are labeled by washers attached to the plugs
while the baseplate has labels scribed onto the connector block.
11. Turn on the SmarPod control box and start the SmarPod software. After a few
seconds click Connect. If the software fails to connect check cable connections
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and restart software before reconnecting.
12. Run the Reference function in the software. After referencing perform several
trial movements to ensure proper operation.
13. Move the SmarPod to (0, -10 mm, 0). This position is stored in the software as
“Sample Load Position.”
14. Attach the vacuum and air-side FemtoTools cables and set them out of the way
15. Mount sample to the actuator then attach the Actuator bracket to the SmarPod
baseplate. Adjust the position of the bracket such that your sample is as close
to the center as possible.
16. Connect the FemtoTools Controller and start the FemtoTools software.
17. Click “Connect,” select the desired channel, and set the scale to “Auto.”
18. Set the gain to 1 and zero the reading. Plug in the ribbon cable adapter. The
load should now read about 1.4 V. Connect the air-side cable to the adapter
19. Place the desired load cell on the top of the chamber door. Remove the case by
rotating it away from the silicon device portion.
20. Connect the vacuum-side cable to the load cell. The load should now read
between 2 and 2.3 V.
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21. If excessive noise is observed, attach the ground pin on the rear of the Femtotools
controller with a jumper to the cable feed through flange and the FemtoTools
controller ground. The peak to peak signal should be less than 1 mV at 200 Hz.
22. While holding the load cell by the cable plug, unscrew it from the post (1.5 mm
Allen wrench) and mount it to the SmarPod. Do not apply pressure to the
SmarPod. Doing so may slip the piezoelectric actuators, damage the
actuators, or release the top plate from its frictional couplings.
23. Approach your sample with the SmarPod. Move the load cell as close to the
sample as possible now as this coarse alignment is much easier in air.
24. Ensure that all cables are safely positioned and close the chamber door. At-
tempting to pump the chamber with cables in the seal will severely
damage the cables and may cause the microscope to shutdown.
25. Pump the chamber the microscope chamber.
A.3. Operation Checklist
1. Start the appropriate Labview Program for the test you will be performing.
2. Once the desired base pressure is attained, start the SEM high voltage and
locate the sample. Turn on the Actuator control box and ensure the proper
voltage reading.
3. Raise the sample to the proper working distance, align the sample (stage or
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beam rotation) and perform all beam alignments
4. Locate the load cell tip and perform in plane alignment.
5. Observe the working distance and move SmarPod such that it is at the same
working distance as your sample.
6. Carefully approach your sample using progressively smaller movements and
speeds.
7. Fine tune the SmarPod height and perform your mechanical test.
8. After your test, move your sample safely away from the load cell and set the
Labview control voltage to 0 V.
A.4. Uninstallation Checklist
1. Ensure there are no applied voltages to the Actuator and turn off the control
box. Venting the chamber with the Actuator powered on can cause
severe and permanent damage to the actuator.
2. Move the SmarPod a safe distance away from your sample.
3. Vent the chamber.
4. Uninstall the load cell and return it to the appropriate box.
5. Detach the Actuator bracket from the SmarPod baseplate and set it on the
microscope bench. Remove your sample.
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6. Move the SmarPod to the zero position. Click “Disconnect” and turn off the
control box.
7. Disconnect all vacuum-side cables
8. Return the SmarPod to the vacuum storage pod. Remount the Actuator bracket
to the SmarPod baseplate.
9. Safely stow all cables and load cells in the vacuum storage pod.
10. Disconnect all air-side cables.
11. Close and pump the chamber.
12. Unplug the FemtoTools controller and shut down the laptop.
13. Turn off any remaining equipment. Unplug the cart power strip.
14. Log off of the microscope.
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